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A B S T R A C T

Amorphous grain boundary complexions have been shown to increase the plasticity of nanocrystalline alloys as 
compared to ordered grain boundaries. Here, the effect of an important structural descriptor, amorphous 
complexion thickness, on the plasticity and failure modes of nanocrystalline Cu-Zr is studied with in-situ 
compression testing, with over 50 micropillars tested. Two model materials were created that differ only in 
their complexion thickness, with one having a thicker complexion population than the other. The sample with 
thinner complexions was more likely to experience non-uniform plastic deformation in the form of localized 
plastic flow or shear banding. In contrast, the sample with thicker complexions displayed more homogeneous 
plasticity and higher damage tolerance; thicker amorphous complexions suppress localization by absorbing 
defects. This work demonstrates that increasing complexion thickness can be beneficial for stable plastic flow in 
nanocrystalline alloys, by improving resistance to strain localization and premature failure.

Grain refinement to the nanoscale can result in dramatic increases to 
material strength, particularly in metals [1,2]. The increase in relative 
volume fraction causes grain boundaries to play a dominant role in the 
deformation of nanocrystalline metals. Compared to coarse-grained 
counterparts where plastic deformation occurs by dislocation glide 
over relatively large distances, grain boundaries in nanocrystalline 
materials act not only as barriers to dislocation motion but also become 
involved in dislocation nucleation and absorption [3,4]. These events 
involve intense rearrangements in the boundary and can lead to pre
mature failure, making grain boundary structure of utmost importance. 
While the grain boundaries of most materials are crystalline with peri
odic atomic structure, some specially designed materials contain a grain 
boundary region that is amorphous, possessing no long-range atomic 
periodicity. Amorphous grain boundary complexions, where a solid yet 

disordered structure exists, in particular have been shown to improve 
the compressive strength, plasticity, and toughness of nanocrystalline 
materials in recent years [5–9]. Amorphous grain boundaries deform 
through collective rearrangements and can therefore absorb dislocations 
without cracking as easily as ordered boundaries, which enables greater 
plastic deformation and plastic strains.

There is a vast body of literature on the deformation mechanisms of 
fully-amorphous metals such as bulk metallic glasses, where deforma
tion processes like shear transformation zones are governed by local 
descriptors such as the extent of structural ordering, compositional 
heterogeneities, etc. [10–13]. However, metals with amorphous regions 
confined to the grain boundary possess additional mechanistic consid
erations such as the absorption/emission of defects from and to the 
adjoining crystals, and additional local descriptors such as the thickness 
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and chemical or structural gradient layering of the grain boundary re
gion. Micromechanical tests are especially useful for studying the effects 
of grain boundary descriptors in detail, as plastic deformation can be 
rapidly probed. For example, Liu et al. used microcompression testing to 
isolate the interfacial shear stress between amorphous ZrCu and crys
talline Zr nanolayers, finding that the amorphous layers were capable of 
accommodating plastic strains of at least 18% through interfacial sliding 
[14]. Su et al. found that dopant-rich, thick (~5 nm) grain boundaries 
enabled ultrahigh yield strengths above 4 GPa and uniform compressive 
strain up to 20% in nanostructured intermetallics [15]. Zhuang et al. 
fabricated a multi-principal element alloy thin film incorporating 
amorphous nanodomains and found increased strength compared to 
either a purely nanocrystalline thin film or a purely amorphous thin film 
[16], showing that amorphous and ordered domains can be combined to 
improve properties.

Although amorphous complexions have been shown to improve 
strength [17] and ductility [18] in nanocrystalline Cu-Zr, the effect of 
complexion descriptors such as thickness on mechanical deformation 
has yet to be studied. Prior simulations [19] have predicted that thicker 
complexions may be able to spread out the plastic strain over a larger 
region, suggesting improved resistance to premature failure. In this 
work, two model nanocrystalline samples are created, where all 
microstructural descriptors are the same except for complexion thick
ness, as controlled by the cooling rate following a heat treatment. In-situ 
scanning electron microscopy (SEM) microcompression testing is then 
performed to study the effect of complexion thickness on plasticity to 
different deformation levels. The results of this study demonstrate that 
thicker amorphous complexions lead to increased plasticity and failure 
resistance in nanocrystalline metal alloys, informing future design of 
alloys and their processing routes.

Cu-3 at.% Zr (denoted simply as “Cu-3Zr” hereafter) alloys were 
prepared from elemental powders of Cu (Alfa Aesar, 99%, − 325 mesh) 
and Zr (Atlantic Equipment Engineers, 99.5%, − 20+60 mesh) that were 
mechanically alloyed for 10 h in a SPEX SamplePrep 8000 M high- 
energy ball mill to refine grains and induce chemical mixing. Hard
ened steel vials and milling media were used, with milling occurring 
inside a glovebox under Ar with < 0.15 ppm O2 levels and 1 wt.% stearic 
acid (Alfa Aesar) added to minimize cold welding. Approximately 9 g of 
alloyed powder were consolidated first for 10 min under 25 MPa at room 
temperature inside the glovebox to form green bodies (cylinders with 
~1 cm height, ~1.4 cm diameter), followed by sintering for 1 h under 50 
MPa at 950 ◦C in a vacuum hot press. The consolidated pellets were 
annealed at 950 ◦C for 5 min and quenched on a liquid nitrogen-cooled 
Al heat sink to preserve the high-temperature grain boundary structures 
and create two distinct sets of samples: (1) a fast-quenched sample taken 
from the pellet face in direct contact with the heat sink and (2) a slow- 
cooled sample from the pellet face far away from the heat sink. Addi
tional details about the general quenching setup and expected cooling 
rates can be found in Ref [20] where the cooling rates differed by more 
than two orders of magnitude for the opposite faces of the pellet, with 
resulting complexion distributions discussed below. Sample surfaces 
were polished with SiC grinding paper down to 1200 grit before 
microstructural characterization. X-ray diffraction (XRD) scans were 
conducted using a Rigaku Ultima III X-ray diffractometer with a Cu Kα 
radiation source operated at 40 kV and 30 mA, and a one-dimensional 
D/teX Ultra detector. Phase identification and fraction were obtained 
using an integrated powder X-ray analysis software package (Rigaku 
PDXL) and Rietveld refinements were performed with PDXL2 analysis 
software. Transmission electron microscopy (TEM) specimens from the 
fast-quenched and slow-quenched regions were prepared using the 
lift-out method with the FEI Quanta 3D equipped with a Ga+ ion beam 
and OmniProbe, with the sample welded to a Mo grid and further 
thinning using a Tescan GAIA3 SEM/FIB. Scanning transmission elec
tron microscopy (STEM) was used to identify and measure amorphous 
complexions using a JEOL JEM-ARM300F Grand ARM TEM with double 
Cs correctors operated at 300 kV.

Micropillars were fabricated using two FIB methods: (1) annular 
milling and (2) lathe milling. In both methods, pillars with a height-to- 
diameter ratio of ~2:1 were fabricated to prevent plastic buckling [21] 
and the diameters ranged from ~3–5 µm, multiple orders of magnitude 
larger than the grain size to avoid size effects. The annular pillars were 
milled using a FEI Helios 600 dual-beam Ga+ SEM/FIB and can be made 
quickly, allowing for a large number of samples to be tested in rapid 
succession to relatively large applied strains. The lathed pillars were 
milled to be taper-free using a FEI Quanta 3D FEG dual-beam Ga+

SEM/FIB, which is significantly more time consuming, resulting in fewer 
pillars that were used here to test to smaller plastic strains and deter
mine any potential effects of the pillar geometry. Details about how the 
lathing steps were adapted from the approach first developed by Uchic 
and Dimiduk [21] can be found in Ref [22]. The in-situ compression tests 
were performed using a FemtoTools nanomechanical testing system 
(Model FT-NMT03 for the lathe milled pillars and Model FT-NMT04 for 
the annular milled pillars) under SEM observation. The load was applied 
by a flat platen with a cross section of either 5 µm × 5 µm (annular) or 20 
µm × 25 µm (lathed). All tests were conducted in displacement-control 
mode using a subnanometer-resolution piezo-based actuation system 
and nominal strain rates of 10–1–10− 3 s− 1 were applied.

The microstructures of both the slow-cooled and fast-quenched 
samples are shown through representative bright field (BF)-STEM im
ages in Fig. 1(a) and (b). Grain sizes were measured to be 44 ± 14 nm 
and 47 ± 17 nm for the slow-cooled and fast-quenched samples, 
respectively, (i.e., measurements were taken from opposite sides of the 
pellet) and are in reasonable agreement with the XRD measurement, 
which gave a value of 36 nm (Fig. 1(c)). The XRD scan is not targeted at 
any specific location but rather at the general cross-section. TEM grain 
size was calculated by measuring at least 65 grains from each sample 
type, by identifying grains that were strongly diffracting and calculating 
the average circular equivalent diameter. Additional TEM images and 
grain size distributions are presented in Figures S1 and S2, respectively, 
in the Supplementary Materials. Only trace amounts of ZrC impurity 
phases were observed, with no differences between the two samples. 
These measurements confirm that grain size is unaffected by the dif
ference in cooling rate between the two samples. The time at elevated 
temperature is nearly identical for the two samples, with the differences 
in cooling rate only resulting in changes to time-at-temperature of the 
order of seconds [20]. Higher magnification BF-STEM images were 
collected to identify amorphous complexions and measure their thick
ness, with examples shown in Fig. 1(d) and (f). At least a dozen amor
phous complexions were measured (distributions shown in Fig. 1(e)), 
with the average thickness from the fast-quenched samples (3.24 ± 1.15 
nm) being ~1.6 × the average thickness from the slow-cooled samples 
(1.99 ± 1.16 nm). These complexions are distributed throughout the 
grain boundary network, with atomistic models predicting that a sig
nificant fraction of boundaries but not all have transformed [23]. The 
effect of cooling rates of Cu alloys on the matrix grain size and 
complexion thickness has been measured previously [20], so these dis
tributions are confirming a known behavior here. From here on, the 
slow-cooled sample is referred to as having thinner complexions, while 
the fast-quenched sample is referred to as having thicker complexions. We 
emphasize that the grain size, global Zr concentration, segregation state 
(see Ref [20]), and carbide content are the same between the two 
samples, so the only difference between the two sets of materials is the 
amorphous complexion thickness.

Representative pillars from each of the two milling procedures, 
lathe-milled and annular-milled, are shown in Fig. 2(a) and (b), 
respectively, prior to deformation. The pillars are imaged with the SEM 
stage tilted to 52◦ for comparison. Fig. 2(c) shows an example of a lathe- 
milled pillar imaged head-on without stage tilt, showing the lack of 
taper. Lathe-milled pillars were tested at a strain rate of 10–3 s-1, and 
three different strain rates in the range 10–3–10–1 s-1 strain rates were 
used for the annular pillars. One representative engineering stress-strain 
curve for each pillar type from the sample with thicker complexions 
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Fig. 1. Low magnification bright field (BF)-STEM images from the (a) slow-cooled and (b) fast-quenched samples. (c) XRD scan showing a primary FCC Cu phase, 
with minority impurity ZrC phase. BF-STEM images of examples of amorphous complexions outlined with yellow dashed lines from the (d) slow-cooled sample and 
(f) the fast-quenched sample. (e) Amorphous complexion thicknesses analyzed from STEM data for the slow-cooled and fast-quenched faces, showing that the fast- 
quenched sample has thicker amorphous complexions.

Fig. 2. Micropillars were fabricated using two methods, with an example of a (a) lathe-milled and (b) annular-milled pillar imaged with the SEM stage tilted to 52◦. 
(c) A lathe-milled pillar, imaged without stage tilt. (d) Representative engineering stress-strain curves from the sample with thicker complexions for annular and 
lathed pillars tested at 10–3 s-1.
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tested at 10–3 s-1 is plotted in Fig. 2(d). The annular-milled pillars were 
compressed to relatively large plastic strains, to obtain statistical in
formation on preferred failure mode and explore heavy deformed con
ditions. The lathe-milled pillars were tested to relatively small plastic 
strains, to probe the early stages of plasticity and enable observations of 
plastic morphology associated with yielding.

For the first set of tests, 45 annular pillars were compressed to large 
plastic strains of >35%. Examples of deformed pillars after compression 
at the 10–3 s-1 strain rate with thinner and thicker complexions are 
shown in Fig. 3(a) and (b). Two different failure modes of localized 
shearing and homogeneous/uniform barreling were observed. Most 
pillars showed some degree of stable plastic deformation, indicated with 
the yellow dashed lines, with the second pillar in Fig. 3(a) being the 
exception which appears to rapidly shear band; in this pillar, strain 
localization occurs before stable plastic flow can be developed and there 
is no curvature of the pillar from barreling. In nanocrystalline metals, 
where the grain boundaries facilitate plastic deformation through 
mechanisms such as grain boundary sliding [24,25], compression can 
induce strain localization that occurs as shear banding spanning the 
micropillar diameter, sometimes resembling the deformation of metallic 
glasses [26,27]. It is unlikely that the observed shear band on the 
micropillars formed along a single grain boundary path, as most pillars 
showed some plastic deformation before localization. Micropillars of 
nanocrystalline Ni-W also experienced plastic deformation before cata
strophic localization, which the authors attributed to grains limiting 
shear band formation [28]. Further, Balbus et al. showed that the for
mation of amorphous complexions in nanocrystalline Al alloys suppress 
shear localization [29].

Plastic localization is more commonly observed in the sample with 
thinner complexions, with statistical evidence presented in Fig. 4. Fig. 4
(a) shows a representative example of “localized deformation,” where 
obvious shear banding is observed. Any pillar shown in Fig. 3 that has 
slip localization denoted by a yellow arrow would count in this category. 
Fig. 4(b) shows a representative example of “homogenous deformation,” 
where no localization is observed and instead the pillars only barrel 
outwards during compression. Only those pillars in Fig. 3 without yel
low arrows would fit this classification. Fig. 4(c) shows all of the 
annular-milled pillars across the two sample types and three different 
strain rates. Some pillars from each sample set experience each of the 
failure modes, yet the thicker complexion material has less plastic 
localization overall. While differences in the percentages of pillars that 
fail through a given mode can be seen in Fig. 4(c), there is no consistent 
trend across the strain rates probed where increasing strain rate in
creases the tendency for one failure mode over the other. We acknowl
edge that the range of strain rates tested was relatively small and that all 
strain rates are relatively low, so more thorough investigations may be 
warranted in the future. However, as there is no obvious trend in our 
data, Fig. 4(d) combines all the annular pillar data to allow for a com
parison using the full dataset. The sample with thicker complexions is 

significantly less likely to experience plastic strain localization (e.g. 
shear band through pillar diameter), instead deforming through a ho
mogeneous deformation mode. Increased plastic localization for the 
sample with thinner complexions is in reasonable agreement with prior 
literature, considering that thinner complexions have an overall lower 
amorphous grain boundary volume compared to thicker complexions. In 
nanocrystalline Ni-W, achievement of a more ordered grain boundary 
state through thermal relaxation led to more localization [28]. For 
nanostructured crystalline-amorphous composites, several groups have 
reported that thicker grain boundaries lead to higher strengths [7,8,30]. 
Notably, Qian et al. simulated nanocrystalline Cu with a grain size of 
12.5 nm and amorphous Ta-doped grain boundaries that have thick
nesses varying from 0.5 to 16 nm, finding that the strength increases as 
the amorphous boundary thickness increases until a critical threshold of 
4 nm is reached and strength begins to decrease [31]. Below the critical 
thickness, dislocation-related plasticity dominates, while above the 
critical thickness shear-transformation zones dominate contributions to 
the overall strength. At the critical thickness, the contributions from 
dislocation activity from the abutting crystals and the shear trans
formation zones in the amorphous boundary were nearly equal [31]. 
Qian et al. also found that as the amorphous boundary thickness reaches 
10 s to 100 s of nm (reaching and exceeding the matrix grain size by an 
order of magnitude), deformation is dominated by shear banding. This 
means that is amorphous complexions became thick enough that a shear 
band could operate through the specimen thickness uninterrupted, 
localized failure would be expected. However, even the thickest 
complexion measured for the nanocrystalline Cu-Zr in this work is below 
10 nm and thus should have only dislocation-shear transformation zone 
interactions. In addition, not all boundaries have transformed to amor
phous complexions, so no continuous amorphous network exists.

The annular pillars deformed to large plastic strains show the severe 
deformation case, so lathe-milled pillars were next studied to under
stand differences in early plastic flow. Six pillars of each sample type 
were compressed to strains of <5%. Examples of deformed pillars are 
shown in Fig. 5(a) and (b) for samples with thinner and thicker com
plexions, respectively. The early stages of plastic deformation are more 
subtle, yet our annular pillar experiments tell us that we are looking for 
signs of localization or homogeneous deformation. Thus, using lathe 
milling to achieve a taper-free geometry and in-situ imaging to allows for 
more direct quantification of plasticity. To quantify any differences, we 
define plastic asymmetry as: 

plastic asymmetry =
|areaL − areaR|

total area
(1) 

where areaL is the area of the left half of the pillar and areaR is the area of 
the right half of the pillar. Fig. 5(a) and 5(b) show the absolute 
centerline of the pillars with dashed yellow lines. A plastic asymmetry 
value close to 0 indicates uniform plastic deformation in a homogeneous 
mode. In contrast, a larger value means that one side of the pillar is 

Fig. 3. Heavily deformed annular-milled pillars with (a) thinner and (b) thicker complexions. Yellow arrows highlight where localized plastic deformation has 
occurred in the form of shear banding and yellow dashed lines outline the curvature associated with stable plastic deformation.
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deforming much more than the other, signaling the early stages of strain 
localization. The results for thinner and thicker complexions are sum
marized in Fig. 5(c). The sample with thicker complexions has an 
average plastic asymmetry that is lower by a factor of 2 × as compared 
to the thinner complexion sample.

Amorphous complexions could hypothetically degrade plasticity if 
they acted as a soft matrix while the grains acted as harder precipitates, 
as is sometimes observed in metallic glasses. As complexion thickness 
increased, the volume fraction of softer matrix would also increase and 
eventually create a percolating pathway for a localization event. How
ever, our results here disprove such a scenario, as both the annular- 
milled and lathe-milled pillars consistently show that nanocrystalline 
alloys with thicker amorphous complexions experience more homoge
neous plasticity. The current study presents the first experimental evi
dence that thicker amorphous complexions act as beneficial features for 
plasticity. Complexion thickness has been discussed as a descriptor 
leading to higher strengths, with dislocation interactions playing an 
important role. Phan et al. studied an amorphous-crystalline interface to 
determine how incoming dislocations are accommodated in a bilayer Cu 
and glassy Cu-Zr sample, finding a multi-stage deformation process 
where early incoming dislocations caused localized plastic strains at the 
interface and formed new shear transformation zones [32]. With 

increased loading, the shear transformation zones coalesce as tens of 
dislocations were absorbed into the glassy layer [32]. As mentioned 
earlier, Qian et al. determined a critical amorphous grain boundary 
thickness in simulated Cu-CuTa where shear transformation zones 
dominate the deformation [31]. Imaging cross sections of deformed 
pillars of nanocrystalline Ni that displayed large plasticity, Wei et al. 
found dislocations distributed along the amorphous-crystal interfaces 
and attributed plastic co-deformation between grains and grain 
boundaries to this behavior [33]. Dislocations can be impeded or trap
ped at amorphous boundaries, which prevents the formation of localized 
shear bands across multiple grains, thus enabling stable plastic defor
mation for the pillars with thicker complexions here. Finally, Pan and 
Rupert simulated a Cu-Zr alloy with amorphous intergranular films to 
study dislocation accommodation and crack nucleation, finding that 
thicker films could more effectively absorb dislocations by spreading the 
plastic zone out within the complexion to slow the nucleation and 
growth of cracks [19]. Based on this supporting experimental and 
computational evidence, thicker amorphous complexions appear to 
suppress localization by absorbing more dislocation content from the 
adjoining crystals prior to failure, enabling larger homogeneous plastic 
strains.

In the present study, the plastic flow and failure of nanocrystalline 

Fig. 4. Representative examples of (a) localized and (b) homogeneous deformation modes. Bar charts of the (c) percentage of pillars with thinner and thicker 
complexions that deform by either homogeneous or localized modes at three strain rates and (d) the total number of pillars with each complexion type and 
deformation mode.

Fig. 5. Representative examples of pillar in early deformation stages from (a) the sample with thinner complexions that displays more localized deformation and (b) 
the sample with thicker complexions, which displays more uniform barreling. (c) Compiled results for plastic asymmetry showing that the material with the thicker 
complexions has much lower plastic asymmetry, signaling more uniform plasticity. The open data points correspond to individual pillars, the filled data points and 
dashed lines indicate the average plastic asymmetry values, and the error bars show one standard deviation.
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Cu-Zr alloys having either thinner or thicker amorphous complexions 
was investigated using in-situ SEM micropillar compression testing. The 
sample with thinner complexions experienced stronger non-uniform 
plastic deformation and localized plastic flow when pushed to large 
deformations, with early signs of localization also observed at small 
plastic strains. In contrast, the sample with thicker complexions (~1.6 ×
the average thickness from the slow-cooled samples) displayed 
increased plasticity and higher damage tolerance, with more uniform 
plastic deformation in both small and large strain conditions. Heavily 
deformed annular pillars with thinner complexions experienced local
ized deformation 74% of the time compared to pillars with thicker 
complexions that experienced localized deformation only 36% of the 
time. Early deformation stages probed in lathed pillars showed that the 
sample with thinner complexions had an average plastic asymmetry that 
is about 2 × larger compared to the thicker complexion sample. In 
general, this work clearly identifies amorphous complexion thickness as 
an important descriptor for determining the plasticity of nanocrystalline 
metals. Increasing the thickness of the disordered regions between 
grains increases the ability to diffuse strain concentrations during the 
absorption of dislocations [34] and leading to toughening [19,35], as 
evidenced by atomistic modeling studies in the literature.
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