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Bulk nanocrystalline Al-Mg-Y alloys
with amorphous grain boundary complexions
display high strength and compressive plasticity
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Accepted: 1 August 2025 Although nanocrystalline alloys regularly exhibit high strengths, their use in
structural applications often face challenges due to sample size limitations, unsta-
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mechanical behavior of bulk nanocrystalline AI-Mg-Y is examined with macro-
scale compression testing, probing a length scale that is relevant to real-world
structural applications. Bulk samples were fabricated via a simple powder
metallurgy approach, with different hot-pressing temperatures and durations
employed for consolidation in order to investigate microstructural and property
evolution. All of the specimens contained primary face-centered cubic Al and
secondary Al,C; and Al,Y phases, with the ALY particles exhibiting two popula-
tions of small equiaxed and larger elongated particles. Appreciable plasticity was
measured along with high ultimate stresses over 800 MPa due to the presence
of amorphous grain boundary complexions. Microstructural characterization of
fracture surfaces revealed that the area fraction of dimpled regions increased with
longer hot-pressing time. Most importantly, the elongated Al;Y particles formed
regular cellular patterns with increasing hot-pressing time, delaying shear locali-
zation and significantly enhancing plasticity. The hierarchy present in the micro-
structure of the Al-Mg-Y alloy, from amorphous grain boundary complexions to
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secondary phases, gives rise to excellent bulk mechanical properties, which are
attractive for structural applications.

GRAPHICAL ABSTRACT
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Introduction

Nanocrystalline materials exhibit superior properties
compared to their coarse-grained counterparts with
one of the best-known examples being exceptionally
high strength. However, the majority of synthesis
techniques for these materials, such as magnetron
sputtering, high pressure torsion, and equal-channel
angular pressing, only allow for limited sample size
[1-3] because nonequilibrium approaches are usually
needed to prevent grain coarsening. For example,
Azabou et al. [4] used severe plastic deformation to
produce nanocrystalline Al alloys by applying high
pressure of up to 7 GPa on mechanically milled pow-
ders at room temperature. Although these authors
obtained a relative density as high as ~ 97 to 98% and
an average grain size of 71 nm, the sample thickness
was only 4 mm. To scale up sample size, one common
approach is combining high temperature, high pres-
sure, and/or pulsed direct current for consolidation
in order to remove pores between particles. Park et al.
[5] employed hot extrusion and hot isostatic pressing
on cryo-milled powders to produce a bulk nanocrys-
talline Al-Mg alloy. While the as-milled powders
possessed nanosized grains, the final bulk sample
exhibited large micrometer-sized grains due to recrys-
tallization and grain growth during consolidation. To
avoid grain growth, consolidation within a shorter
period and/or under lower temperature is needed.
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Spark plasma sintering is a technique where pulsed
direct current and uniaxial pressure are applied simul-
taneously to reduce the required processing time [6]
and achieve high heating rates of up to 1000 °C/min
[7]. Ye et al. [8] used this technique to fabricate a bulk
5083 Al alloy by heating powders to 350 °C at a rate of
1.8 °C/sec followed by a hold period at that tempera-
ture for only 120 s under a pressure of 80 MPa. Despite
achieving a sample with full density, microstructural
characterization revealed that abnormal grain growth
occurred with a volume fraction of coarse grains
of ~10%. These coarse grains were observed to form
on the outer surface of the powders, due to electric
discharge and high current density at these regions.
Therefore, fabricating bulk samples with nanosized
grains remains challenging.

Recently, a new concept of designing nanocrystal-
line alloys via engineering amorphous grain bound-
ary complexions was proposed [9, 10], which is able
to achieve both small grain size and bulk sample size.
Amorphous complexions are phase-like disordered
grain boundaries which form below bulk eutectic
temperatures and are in local equilibrium with adja-
cent grains [11]. These complexions are usually a few
nanometers thick and can significantly enhance mass
transport due to the high excess free volume of the
disordered phase, leading to solid-state activated sin-
tering [12]. For instance, Gupta et al. [13] compared the
sintering behavior between pure W and W doped with



0.5-1.0 at% Ni. All samples were sintered at 1400 °C
for 2 h, with the pure W showing only ~ 1% densifica-
tion while the W-Ni alloy exhibited more than 20%
densification to a relative density of ~89%. Subsequent
transmission electron microscopy (TEM) and Auger
electron spectroscopy revealed the existence of amor-
phous complexions well below the bulk eutectic tem-
perature in the W-Ni specimen [13]. In addition to
activated sintering, these features can enhance thermal
stability because of their lower free energy at elevated
temperatures, with the degree of stability depending
on solute elements. Lei et al. [14] examined the effect
of different solute elements on the retention of amor-
phous complexions and the stabilization of grain sizes
by comparing three binary Al alloys (Al-Mg, Al-Nj,
and Al-Y). Y was identified to be the most efficient
stabilizer of amorphous complexions, as these fea-
tures in Al-Y were retained even for very slow cooling
conditions, giving rise to equiaxed nanosized grains
even after a hot-pressing temperature of ~ 92% of the
melting temperature (T,,) of pure Al. Since amorphous
complexions begin to form at a homologous tempera-
ture of 0.6-0.85 [11] and are stable at high tempera-
tures, nanocrystalline alloys can exhibit small grain
size even after exposure to high temperatures due
to the formation of these features. Schuler et al. [15]
observed that the grain size of nanocrystalline Ni-W
was ~ 90 nm after being annealed at 900 °C yet was
only ~ 55 nm after annealing at 1100 °C (corresponding
to a homologous temperature of ~0.8), proving that
there is a unique high temperature stability window.
Complexion engineering has also been used to create
bulk nanocrystalline pieces with both full density and
nanosized grains in Cu-rich and Al-rich alloys [16, 17].

Nanocrystalline alloys typically have limited plas-
ticity. For example, Wang et al. [18] observed that the
failure strain of a nanocrystalline Cu processed via
surface mechanical attrition treatment was only ~2%
under quasi-static tensile testing. Possible reasons for
the low ductility include the ease of crack nucleation
and unstable crack growth, resulting from a large vol-
ume fraction of high-energy grain boundaries which
facilitate intergranular fracture propagation [19].
Ma et al. [19] further proposed that the early failure
may be preceded or promoted by extremely localized
plastic deformation. The onset of shear localization
is related to an instability of strain hardening origi-
nated from a lack of dislocation storage within small
grains. Because dislocation generation and movement
are largely inhibited, nanosized grains exhibit grain

boundary-mediated deformation mechanisms [20]
rather than dislocation-mediated mechanisms com-
mon in their coarse grain counterpart [21]. Therefore,
strategies for improving plasticity while retaining the
high strength of nanocrystalline materials are needed,
especially for bulk specimens.

The present study investigates the bulk compres-
sive plasticity of an Al-rich alloy, AI-Mg-Y, which was
successfully fabricated into centimeter-sized pellets
via grain boundary complexion engineering in previ-
ous studies [17]. Bulk pellets were fabricated via hot-
pressing consolidation of mechanically alloyed pow-
ders under different temperatures and durations to
examine (1) microstructural evolution under various
processing conditions and (2) the correlation between
microstructure and deformation behavior. Secondary
phases formed, including Al,C; and Al;Y, with the
ALY particles exhibiting two populations: small equi-
axed and larger elongated particles. For the shortest
hot-pressing time, samples failed in a brittle manner
by shattering into small pieces. For longer hot-pressing
time, samples began to show appreciable plasticity,
along with exceptional strengths greater than any
commercially-available alternative. Analysis of frac-
ture surfaces revealed that the elongated Al;Y particles
began to form a cellular network with increasing hot-
pressing time, which effectively delayed shear locali-
zation and further enhanced plasticity. The higher
hierarchy of the microstructure, comprised of a mix-
ture of amorphous grain boundary complexions as
well as intermetallics with different structures, shapes
and sizes gives rise to increased plasticity without sig-
nificant loss of strength, which provides insights to
mitigate the strength-plasticity tradeoff of lightweight
structural alloys.

Materials and methods

To synthesize bulk nanocrystalline AI-Mg-Y sam-
ples, powders of elemental Al (Alfa Aesar, 99.97%,
- 100 + 325 mesh), Mg (Alfa Aesar, 99.8%, - 325
mesh) and Y (Alfa Aesar, 99.6%, —40 mesh) were first
mechanically alloyed for 10 h to obtain a nanocrys-
talline solid solution. The dopant concentration was
2 at% for both Mg and Y in the alloy, and milling was
conducted in a SPEX SamplePrep 8000 M high-energy
ball mill. Hardened steel milling vial and balls were
used, and the ball-to-powder weight ratio was 10:1. In
order to prevent excessive cold welding, 3 wt.% stearic
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acid was added as a process control agent. The mill-
ing process was conducted in a glovebox filled with
Ar gas at an O, level <0.05 ppm to avoid oxidation.
After milling, the alloyed powders were transferred
into a ~14 mm inner diameter graphite die set and then
consolidated into cylindrical bulk pellets using an MTI
Corporation OTF-1200X-VHP3 hot press consisting of
a vertical tube furnace with a vacuum-sealed quartz
tube and a hydraulic press. The powders were first
cold pressed for 10 min under 100 MPa at room tem-
perature to form a green body and then consolidated
under a hot-pressing temperature (T};p) of 585 °C and
a pressure of 100 MPa for 1, 3, 6, or 10 h. The heating
rate used to reach the target Tp;p was 10 °C/min and the
pellets were naturally cooled down to room tempera-
ture after pressing, which typically took more than
4 h. The dimensions of all bulk samples were ~ 1 cm in
height and 1.4 cm in diameter. Readers are referred to
Ref. [17] for more details on the consolidation process.

For quasi-static bulk compression testing, cylinders
with 3 mm diameter and 6 mm height were sectioned
via electrical discharge machining from the consoli-
dated pellets. Compression tests were conducted at
an initial rate of 0.001 s! using an Instron 5985 frame
equipped with a 250kN load cell, with strain calcu-
lations obtained from sample displacement. Four to
six specimens were tested for each condition in order
to check for consistency. For porosity investigation,
both optical microscopy and computed tomography
(CT) scans were employed. Optical micrographs were
taken on the cross section of each sample, which was
first ground with SiC grinding paper down to 1200
grit and then auto-polished with monocrystalline
diamond suspension down to 0.25 um. To examine
whether large pores formed within samples, scans
were performed using a Xaria 410 Versa CT scanner
(Zeiss, USA) with a voltage of 80 kV and a power of
15 W achieving a resolution of 13.6 um. All scans were
post-processed using Image] and a bandpass filter was
applied to highlight the porosity. No visible pores
were observed from the CT measurements for any of
the samples investigated here.

Microstructural characterization was carried out
using a variety of techniques. First, X-ray diffrac-
tion (XRD) measurements were conducted to obtain
phase compositions, phase fractions, and grain sizes.
XRD was performed using a Rigaku Ultima III X-ray
diffractometer with a Cu Ka radiation source oper-
ated at 40 kV and 30 mA and a one-dimensional D/
teX Ultra detector, with analysis conducted using an
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integrated powder X-ray analysis software package
(Rigaku PDXL). Scanning electron microscopy (SEM)
imaging for fracture surface examination and back-
scattered electron (BSE) imaging for intermetallic
distribution investigation were performed in an FEI
Quanta 3D FEG dual-beam SEM/Focused Ion Beam
(FIB) microscope. Bright-field (BF) and high-angle
annular dark field (HAADF) scanning transmission
electron microscopy (STEM) were used to examine
grain sizes and precipitates inside of a JEOL JEM-2800
S/TEM, which was operated at 200 kV and equipped
with a Gatan OneView IS camera.

Results

Porosity and microstructure of bulk
nanocrystalline AI-Mg-Y alloys

Figure 1a shows a representative bulk pellet ~1 cm in
both diameter and height corresponding to the 1-h
hot-pressing (t;p =1 h) consolidation, where no visible
pores were observed on the surface. Figure 1b and ¢
show cylindrical specimens that were extracted with
electrical discharge machining for bulk compression
testing. The dimensions of all cylinders (3 mm in diam-
eter and 6 mm in height) were chosen so that bending
and buckling can be avoided [22]. Porosity and micro-
structure were first examined, with Fig. 1d—g present-
ing cross-sectional optical images for all hot-pressing
times explored here. Full density (>99.8%) was con-
firmed for all conditions. Moreover, these images
show different contrast, suggesting the formation of
secondary phases. The concentrations of both solute
elements in the present study are 2 at% each, which is
above the solubility of Mg in Al at room temperature
but below the solubility at temperatures higher than
160 °C. In contrast, this composition is above the solu-
bility limit of Y in Al at both room and higher tempera-
tures [23, 24]. Therefore, it is possible that intermetallic
phases formed during the hot-pressing or cooling pro-
cess of consolidation. Secondary phases may also form
due to the stearic acid (C;3H;5,0,) added during ball
milling, which introduces impurities to the system.
Figure 2a shows XRD scans for all hot-pressing con-
ditions, where peak positions and intensities are simi-
lar. In addition to the face-centered cubic (FCC) Al-rich
matrix phase, Al;Y and Al,C; peaks emerged. Both
secondary phases have a trigonal crystal structure
with a space group of R-3m [25, 26]. With increasing
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Figure 1 a A pellet of () (b)

Al-Mg-Y after hot press-

ing at 585 °C for 1 h. b and

¢ Cylindrical specimens for
compression testing. All sam-
ples had dimensions of 3 mm
in diameter and 6 mm in
height, with an aspect ratio of
2. d—g Cross-sectional optical
micrographs for samples with
hot-pressing time (tp) from

1 to 10 h, respectively. No

(d) typ=1h

obvious pores were observed
for any of the consolidated
samples.

typ, the peak width of the Al matrix becomes nar-
rower, suggesting an increasing grain size. Figure 2b
shows the average matrix grain size obtained from
the XRD scans as a function of hot-pressing time. For
typ=1h, the matrix grains exhibited an average size of
44 + 4 nm, while the value increased to 107 +29 nm as
typ reached 10 h. These grain sizes are consistent with
TEM observations shown in Fig. 2d and h. Kinetics of
normal grain growth follows [27-29]:

D - D, = Kt", M

where D and D, correspond to grain sizes for a heat
treatment time of + and 0 s, respectively, K is a constant
dependent on composition and temperature, and 7 is
the grain growth exponent. In the present study, D,
is approximately equal to the grain size of as-milled
powders, 30 nm, yielding a growth exponent of 0.52,
close to the value in the classical work by Burke and
Turnbull [30]. The average grain size for t;p=10 h is
107 nm, close to the value for t;,=6 h, 102 nm. The
retention of these small grains after exposure to a
homologous temperature of 0.92 points to excellent
thermal stability, which is partly due to nanoscale pre-
cipitates located at grain boundaries, as indicated by
yellow arrows in Fig. 2e and i. These nanoscale pre-
cipitates possess an elongated shape and therefore are
termed as “nanorods”. Moreover, the edge and the
interior of the nanorods exhibit different contrast in
these HAADF-STEM micrographs, suggesting varia-
tions in chemical composition at these two locations,
as detailed below.

(e) typ=3h

() typ=6h

(8) typ=10h

Figure 2c shows the weight fractions of the three
phases as a function of hot-pressing times. For the
shortest pressing time, the weight percent of Al;Y
and Al,C; are 8.5%, and 7.9%, respectively. As ty;
increased to 3 h, the weight percent of the interme-
tallic phase increased to 9.9% and that of the carbide
phase increased to 11.3%. With longer tp, the frac-
tions did not vary significantly, reaching, respectively,
10% and 12.3% for ALY and Al,C; when t;;,=10 h. To
examine the size, morphology, and distribution of
the secondary phases, both HAADF-STEM and BSE
were employed. For the shortest hot-pressing time,
nanorod precipitates that are a few nanometers wide
and ~ 50 nm long was observed at almost every grain
boundary, as mentioned before. The interior of these
precipitates was identified to be Al,C; in our previous
study, while the brighter edges of these precipitates is
due to segregation of Mg and Y to the matrix-precipi-
tate interfaces [17]. As t;;p increased to 10 h, the carbide
precipitates coarsened to become ~ 10 nm wide and
~100 nm long (Fig. 2i), while their location remains at
the grain boundaries.

To examine the ALY phase, BSE imaging was used
because this technique offers a larger survey area
than TEM. Figure 2f and j present an overall view of
the intermetallic phase for t;;p=1 h and 10 h, respec-
tively, where two populations of particles emerged.
The majority have an equiaxed shape as clearly shown
in Fig. 2g and k, while large, elongated particles also
formed. Similar equiaxed Al;Y particles were observed
in Al-Ni-Y alloys fabricated by hot compacting and
extruding gas-atomized amorphous powders by
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Figure 2 Microstructural characterization of AI-Mg-Y. a XRD
scans for all hot-pressing conditions show evidence of three
phases: FCC Al, ALY, and Al,C;. b Grain size of the FCC Al
matrix calculated from XRD as a function of hot-pressing time.
¢ Weight percent of the three phases obtained from XRD data
as a function of hot-pressing time. d and h Low-magnification
BF-STEM micrographs showing the overall grain structure for
typ=1 h and 10 h, respectively. e and i HAADF-STEM micro-

Vasiliev et al. [31]. These particles were characterized
by a space group of R-3 m and sizes of 50-300 nm in
diameter. In another study of an Al-10 at% Y system
during solidification, the Al;Y phase was found to
possess an elongated morphology with both widths
and lengths on the order of tens of micrometers [32].
Since the equiaxed particles have smaller sizes than
the elongated ones in both previous works and the
present study, we hypothesize that the former may
be still at the initial stage of particle growth. For
typ=1h (Fig. 2f), the small equiaxed particles seem to
aggregate in regions with sizes of ~20 to 30 um, while
the larger elongated particles sit at the perimeter of
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Hot-pressing time (h)

Hot-pressing time (h)

(f) intermetallics

(g) intermetallics

graphs showing nanorod precipitates that originate at grain
boundaries for #,,=1 h and 10 h, respectively. f and j Low-mag-
nification BSE micrographs showing two populations of inter-
metallic phases for both conditions: large, elongated particles
and small, equiaxed particles. g and k Zoomed views showing
that the spatial distribution of equiaxed intermetallic phases for
typ=1hand 10 h, respectively.

these regions. As ty;p reached 10 h (Fig. 2j), the size
and volume fraction of both intermetallic populations
increased significantly compared to t;p=1 h. Most
importantly, the elongated particles formed a regular
cellular pattern on the order of ~ 10 to 20 um, which
enclosed the equiaxed particles with sizes of ~500 nm
to 1 um (Fig. 2k).

One important microstructural feature in the pre-
sent Al-Mg-Y alloy is the existence of amorphous
grain boundary complexions, with Fig. 3 showing
an example enclosed between yellow dashed lines
and separating two crystalline grains (marked G1
and G2). The thickness of this complexion is ~2 nm,
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Figure 3 High-resolution TEM micrograph of one repre-
sentative amorphous grain boundary complexion in the present
nanocrystalline AI-Mg-Y alloys.

consistent with those observed in a nanocrystalline
AIl-Ni-Y alloy with similar processing conditions [14,
17, 33]. The formation of amorphous complexions in
the present AI-Mg-Y can be attributed to four key
factors proposed in Ref. [34]: (1) positive segregation
enthalpy, (2) limited solubility, (3) negative pair-wise
mixing enthalpy, and (4) large atomic size mismatch.
The first two factors promote segregation of solute
elements to grain boundaries, while the latter two are
essential to facilitate the formation of a disordered
grain boundary structure. Amorphous complexions
are stable at high temperatures (typically above
0.6-0.85T,,) and usually transition back to an ordered
state at lower temperatures. Accordingly, previous
studies on Cu-rich alloys required rapid quench-
ing to retain amorphous complexions at room tem-
perature, e.g., [16]. In contrast, in the present study,
all AlI-Mg-Y samples were naturally cooled down
to room temperature with a cooling rate less than
1 °C/s, yet amorphous complexions were still found
throughout the microstructure. This indicates an
exceptional kinetic stability of amorphous complex-
ions in the present AI-Mg-Y system, which should
be due to a combination of the large negative mixing
enthalpy between Al and Y as well as the existence
of multiple elemental species in the grain boundary,
giving rise to a good glassing forming ability for
the boundary region [34-36]. Large negative mixing
enthalpy and multiple elements are critical rules for
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Figure 4 Engineering stress—strain curves of bulk Al-Mg-Y
samples after various hot-pressing times (¢yp), with dotted and
dashed horizontal lines corresponding to yield strengths of com-
mercial 7075 alloys and 7075 alloys reinforced with ceramics
[39-41], respectively.

the formation of bulk metallic glasses, which exhibit
amorphous nature [37]. The similar structural dis-
order in both bulk metallic glasses and amorphous
grain boundary complexions gives rise to common
criteria for their formation.

Mechanical properties and deformation
behavior

Figure 4 shows engineering stress—strain curves from
bulk compression testing of the AlI-Mg-Y samples. For
the shortest hot-pressing time (t;;p =1 h), the specimens
failed prior to obvious macroscopic yielding. Hence,
all samples shattered into pieces before reaching a
yield point and exhibited a lower fracture strength
(~ 500 MPa) than the other conditions. We note that
this strength level is quite high for an Al alloy, yet
the lack of plasticity diminishes the usefulness of any
strength gains. The 1-h sample also had a noticeably
lower Young’s modulus, likely due to some limited
internal porosity. Young’s modulus can be related to
porosity by the expression,

E = Ey X exp(—fP) )

where E is the reference, fully dense value, f is a
constant ranging from ~ 3 to 4.5 and P represents
porosity [38]. While metallography and CT scan-
ning did not identify any pores in the present work,
it is possible that a limited numbers of scattered
pores did exist and affected the mechanical behav-
ior. As typ increased to 3 h, AlI-Mg-Y began to show
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measurable plasticity, with ultimate strengths higher
than 800 MPa. With longer hot-pressing time, the plas-
ticity increases further while the strength decreases.
For t;p=6 h, the average yield stress and strain-to-
failure are 785+ 6 MPa and 4.4 + 0.4%, respectively.
For typ=10 h, the average yield stress and strain-to-
failure are 620 + 5 MPa and 6.4 + 1.5%, respectively. It
is worth noting that the compressive yield strengths
for both f;;p=6 h and 10 h are much higher than those
of high-strength commercial Al alloys, e.g., Al7075. For
example, El-Magd and Abouridouane [39] performed
room-temperature compressive testing with a nominal
strain rate of 0.001 s! on an AA7075 alloy (5.9 wt% Zn,
2.4 wt% Mg, 1.5 wt% Cu) and reported a compressive
yield strength of 420 MPa (labelled in Fig. 4). The much
lower yield strength in Ref. [39] is most likely due to
larger matrix grain sizes, which are on the order of
tens of micrometers in Ref. [39] versus ~ 80 to 100 nm
in the present study. In addition to the excellent yield
strength, the specific strength of the present Al-Mg-Y
alloys is remarkable. Based on the alloy composition
in Ref. [39], the estimated density of the AA7075 sys-
tem is ~2.79 g/cm?, while the density of the present
Al-Mg-Y is ~2.74 g/cm®. As a result, the-strength-to-
weight ratio of AI-Mg-Y is 1.5-1.9 times higher than
that of AA7075 alloys, which can potentially improve
fuel efficiency for aerospace applications. Besides 7075
alloys, the present AI-Mg-Y alloys are even stronger
than 7075 alloys reinforced with Al,O5 and B,C par-
ticles (with representative yield strengths being
shown in Fig. 4), where the ceramic reinforcements
are expected to provide more strength [40, 41]. This
highlights the cooperative effect of all microstructural
features, including nanosized grains, amorphous grain
boundary complexions, nanorod precipitates, and
various intermetallic particles, on strengthening the
nanocrystalline AI-Mg-Y alloys, which can be easily
processed using a simple and conventional powder
metallurgy approach. Another advantage of the pre-
sent Al-Mg-Y system over commercial Al7075 alloys
and Al7075 reinforced with ceramics is their excellent
thermal stability, mainly due to the presence of amor-
phous complexions (Fig. 3), allowing for a higher oper-
ation temperature regime. Besides excellent strengths,
the microstructural features give rise to superior bulk
plasticity in the present Al-Mg-Y system, as the
plasticity for typ=6 h and 10 h can reach 5% and 8%,
respectively. For nanocrystalline alloys, measurement
of bulk plasticity is challenging, since samples with
nanosized grains were rarely successfully fabricated
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into pieces that are large and dense enough for bulk
compression testing. Khan et al. [42] performed a
series of compaction and hot sintering procedures,
including compaction under pressures > 2 GPa and
room temperature for 2 min, sintering under 900 MPa
and 600-635 °C for 1 h, sintering under 600 °C for
11 h, and annealing under 600 °C for 1 h, to fabricate
bulk nanocrystalline Al, and then performed quasi-
static compression testing on cylindrical samples with
diameters and lengths of ~1 cm. An average grain size
of ~40 nm was achieved, but the corresponding com-
pressive plasticity was only ~2%, much lower than
the plasticity of the AlI-Mg-Y system studied here. For
many reports on nanocrystalline Al alloys, plasticity
is usually obtained from small-scale mechanical test-
ing, such as nano- or micro-mechanical compressive
testing [43—45], and therefore the reported values may
not represent actual bulk plasticity.

After bulk compression testing, deformed samples
were examined using SEM. Figure 5a presents a rep-
resentative deformed sample for ¢, =1 h, with Fig. 5b
showing many pieces came off during testing. In addi-
tion, samples with the shortest hot-pressing period did
not experience any stable flow and the vertical dashed
lines in Fig. 5a align very well with the sample side.

Figure 6a and b correspond to two samples after
compression testing for t;;p =6 h, which clearly showed
a different failure mode from f;;,=1 h. First, both sam-
ples with t;;p=6 h failed through a dominant shear
band. Second, the samples with a longer consolidation

(b) Shattered pieces

(a) Deformed sample

Figure 5 a SEM micrograph of a representative deformed
typ=1 h sample with brittle failure, and b photo of shattered
small pieces after testing for the same hot-pressing condition.



Figure 6 a and b SEM

(a)Sample 1
micrographs of two samples 3

v

corresponding to t,;p=06h,

which experienced stable
plastic flow indicated by

the slight barreling, which
is shown as the difference
between the straight dashed
lines and the sample surface.

time experienced slight barreling, evidenced by the
difference between the straight dashed lines and sam-
ple surfaces in both Fig. 6a and b.

Fracture surface morphology and intermetallic
particle distribution

To understand the different deformation behavior,
fracture surfaces were examined and are presented in
Fig. 7. For typ=1h, cleavage fracture occurred since
the surface exhibited facets with different orienta-
tions (top panel of Fig. 7a). River patterns with spac-
ings of ~ 50 um were also observed, further confirm-
ing the brittle fracture mode. This spacing is wider
than the <10 pum value reported for a nanocrystalline
W fabricated via high-pressure torsion after dynamic
compression testing [46]. Formation of river patterns
is often associated with regions of weak atomic bond-
ing [47]. In the present study, likely weak regions are
interfaces between matrix and intermetallic phases,
which could be nucleation sites for river pattern for-
mation. Despite the macroscopically brittle behavior
for typ=1h, zoomed views showed a co-existence of
both brittle and ductile fracture modes. For the brit-
tle region, multiple shear bands were observed, while
vein patterns formed in the ductile area (indicated by
yellow arrows in the bottom panel of Fig. 7a), sug-
gesting local plastic deformation. Moreover, some
vein patterns enclose sub-micrometer particles (with
one example being marked by a red arrow), the size
of which is similar to that of equiaxed Al;Y particles
in Fig. 2g. Therefore, these inclusions are most likely
intermetallic particles. Due to the limited area fraction

(b) Sample 2

of these plastic deformed regions, t;;p=1 h exhibited
an overall brittle failure.

Figure 7b—d show fracture surfaces corresponding
to longer hot-pressing times (i.e., typ=3 h, 6 h, and
10 h). These samples which demonstrated macroscopic
plasticity in the stress—strain curves had similar frac-
ture surfaces. All exhibit wavy patterns pointing in a
certain direction (magenta dashed arrows), indicat-
ing that the fracture initiates at the tail of the arrow
and then grows along the arrow direction. Zoomed
views in the bottom panels reveal that these wavy pat-
terns are dimples and examples are marked by yel-
low arrows on the ductile regions. For all conditions,
the dimple sizes were found to be similar, 1-2 pum,
or approximately 10 times the matrix grain size. This
ratio is consistent with a previous study on tensile
testing of electrodeposited nanocrystalline Ni alloys
[48], where dimple sizes were about six to ten times of
the average grain size. In Ref. [48], the dimples were
observed to nucleate at grain boundaries and triple
junctions, suggesting transgranular slip and unaccom-
modated grain boundary sliding to be responsible for
dimple formation. The present AI-Mg-Y alloy may
have a similar dimple formation mechanism because
of the nanocrystalline grain sizes (~ 30 nm in Ref. [48]
versus 80-100 nm in the present study) and possibly
the same dislocation-mediated plasticity mechanisms.
For the ductile regions, inclusions with sizes of ~1 um
were occasionally observed within the dimples and
one example is shown with a red arrow for t;,=6 h.
Based on the size and morphology, these inclusions
are most likely to be equiaxed Al;Y particles. Inclu-
sions have been shown to affect the dimple size and
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Fracture surface

Brittle region

Ductile region

] Mater Sci

Figure 7 The morphology of fracture surface for a t;p=1h, b t4p=3 h, ¢ t4p=6 h, and d 7., =10 h, where both brittle- (middle row)

and ductile-type (bottom row) fracture were observed in local regions.

therefore mechanical behavior. For example, Schuh
et al. [49] performed tensile tests on a CrMnFeCoNi
alloy with different heat treatment and observed that
the size of the dimples formed around brittle second-
ary phases was larger than that without inclusions.
The larger dimples suggested that more plastic defor-
mation occurred locally, giving rise to better macro-
scopic plasticity in the end. However, in the present
study, dimples with and without inclusions did not
possess obvious different sizes, possibly due to the
small size of equiaxed intermetallic particles (Fig. 2).
Regions with signs of locally brittle fracture for
tup=3h, 6 h, and 10 h are shown in the middle pan-
els of Fig. 7b—d, respectively. In contrast to t;;p=1h,
the longer hot-pressing times exhibited small islands
(marked by blue arrows) on the brittle fractured sur-
face. For t;;p=3 h, a majority of the islands possessed
an elongated shape with sizes of a few micrometers.
Both characteristics are similar to that of large, elon-
gated ALY particles. The same observations are also
shown for t;;p=6 h and 10 h in Fig. 7c and d. Therefore,
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intermetallic particles play an important role in
mechanical behavior of AI-Mg-Y, because they affect
both the ductile deformation as inclusions within dim-
ples and brittle deformation as small islands.

Figure 8 shows a comparison of the brittle frac-
tured region and the intermetallic distribution for all
hot-pressing conditions. The top, middle, and bottom
rows present brittle fracture surfaces, distribution
of intermetallic particles, and crack and shear direc-
tions, respectively. When typ=1 h, the fracture sur-
face exhibited a river pattern with spacings ranging
from ~ 20 pm to 50 pm, as outlined by yellow dashed
curves in the bottom panel of Fig. 8a. This pattern is
very similar to the network formed by the elongated
ALY particles shown in the middle panel of Fig. 8a.
A magnified view of the interior of the river pattern
shows thin shear bands (top panel of Fig. 8b), where
BSE imaging revealed that only small equiaxed par-
ticles existed within this region (middle panel of
Fig. 8b). The formation mechanism of river patterns
has been previously attributed to preferential crack



@ typ=1h(L)

Brittle fracture

ALY particle

Crack/shear

Figure 8 Micrographs show the similarity between patterns on
the brittle fracture surface and distribution of intermetallic parti-
cles for a and b 1-h, ¢ 3-h, d 6-h, and e 10-h hot-pressing experi-
ments. a and b show features at low (L)- and high (H)-magnifica-
tion, respectively. The top and bottom rows present SEM images.
Arrows in the top row marking small islands on the fracture sur-

pathways along weakly bonded interfaces [47]. Com-
paring equiaxed and elongated ALY, the latter may
have a weaker interface bonding with the matrix at the
particle tip due to a higher stress concentration [50].
This is consistent with a previous study on a die-cast
A357 Al alloy, where flake- and needle-shaped Al-Si-
La particles gave rise to large stress concentrations that
acted as nucleation sites for cracks and therefore led to
premature failure [51].

For t;;p 23 h, small islands were observed on the
fracture surface, marked by yellow arrows in the top
panels of Fig. 8c—e, and these islands shared a similar
distribution with the large elongated Al;Y particles,
which appear as brighter regions of a few microm-
eters in size in the BSE images, as shown in the mid-
dle panel of Fig. 8c—e. Moreover, as typ >3 h, the elon-
gated Al;Y particles began to form a cellular network.
We hypothesize that this network provides effective
resistance to shear failure, because the elongated

face, which began to form when 7,,> =3 h, while dashed curves
and lines in the bottom row outlining river patterns and shear
directions, respectively. The yellow and red dashed lines in b—d
represent different shear directions in two regions separated by
intermetallic particles.

intermetallic particles are able to effectively restrict
the localization to a small region. Consequently, the
catastrophic failure via a dominant shear band was
significantly delayed, since shear bands do not per-
colate before encountering an intermetallic network.
The effective resistance by the cellular network is evi-
denced by the different shear directions (represented
by red and yellow dashed lines in the bottom panel of
Fig. 8c—e) in regions separated by elongated interme-
tallic particles. Regular patterns formed by secondary
phases have been reported to enhance plasticity in
literature. For example, Hoffmann et al. [52] showed
that for a Zrsq (Tiz; oNb; (Cug 4,Bey, 5 bulk metallic glass
composite, the tensile ductility was able to reach 13%
because the formation of a soft secondary phase sup-
pressed shear band opening and inhibited crack devel-
opment. In addition, Lalpoor et al. [60] observed that
matching the dendrite dimension to the characteristic
length scale associated with crack was essential for
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ductility improvement. For the present Al;Y phase,
since the size of the cellular network becomes more
regular with increasing hot-pressing time, the resist-
ance to shear propagation should become higher and
give rise to improved plasticity.

Discussion

In the present work, centimeter-sized Al-Mg-Y alloys
with grain sizes <100 nm were successfully fabri-
cated via a simple powder metallurgy approach. For
typ=1h, samples failed in a brittle fashion, while all
other conditions (i.e., typ=3 h, 6 h, and 10 h) exhib-
ited appreciable plasticity with high yield strength.
The brittle versus ductile behavior is possibly due to
porosity and grain sizes associated with different hot-
pressing times. For t;;p=1 h, it is likely that samples
still possess a few pores and therefore failed in a brittle
fashion. This is also consistent with the lower Young’s
modulus for typ=1 h than for other hot-pressing
times (Fig. 4). While longer hot-pressing time results
in improved densification, the high energy consump-
tion associated with prolonged processing times (e.g.,
10 h here) may limit practical applications of this pro-
cessing route. Therefore, optimization of hot-pressing
parameters, primarily hot-pressing temperature and
time, to achieve an excellent combination of relative
density and processing efficiency is needed for poten-
tial industrial implementations. This topic represents
an important direction for future applied research and
technoeconomic analysis. In addition to porosity, grain
sizes can strongly affect deformation behavior. Previ-
ous work suggested a transition in the deformation
mechanism at a critical grain size of ~50 nm [53]. For
example, Chen et al. [54] observed deformation twins
in nanocrystalline Al with grain sizes of ~10-20 nm,
while the coarse-grained counterpart did not show the
same features due to the high stacking-fault energy.
These authors further proposed a transition from par-
tial dislocation activity dominated process to normal
slip-controlled deformation as grains grow beyond the
nanoscale. In the present AI-Mg-Y system, the matrix
grain size is ~ 40 nm for typ=1 h, which is below the
critical grain size of 50 nm suggested in previous
studies, while grain sizes increase to ~80-110 nm for
longer hot-pressing times. Therefore, the change in the
deformation mechanism may also contribute to the
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different failure modes between short versus longer
hot-pressing times.

Secondary phases can dramatically affect the
mechanical behavior and failure modes, since these
phases usually possess different crystal structures and
mechanical properties than the matrix. In the present
Al-Mg-Y alloy, all hot-pressing conditions yielded the
same two secondary phases (Al,C; and Al;Y), which
exhibit a trigonal crystal structure [25, 26] and have
much higher hardness than the FCC Al matrix [55, 56].
For Al,C;, the precipitate size increased with longer
typ, while the morphology and distribution remained
the same. The size of the carbides has been reported to
play an important role in Al alloys, as microscale car-
bides have been shown to significantly deteriorate the
strength of the materials [57]. In contrast, nanosized
precipitates can improve both strength and plasticity
[58]. Wang et al. [59] reported that nanosized Al;Mn
particles at grain boundaries improve the mechanical
properties of Al-6 Mg-0.8Mn (wt%). These particles
have a strong pinning effect on mobile dislocations,
resulting in increased dislocation densities. The accu-
mulation of dislocations increases the driving force
for dynamic recrystallization, resulting in preferential
nucleation of recrystallized grains at grain boundaries.
These nanosized particles also have a strong pinning
effect on recrystallized grain boundaries, preventing
significant grain growth and therefore contributing to
the high strength of the alloy. In the present study,
since the Al,C, size is well below 1 um for all hot-
pressing conditions, these precipitates are expected to
have a positive effect on both the strength and plastic-
ity of the alloys.

In contrast, the two populations of Al;Y particles
formed for all hot-pressing conditions may introduce
competing effects on plasticity. When t;;,=1 h, equi-
axed particles aggregated in regions with sizes of tens
of micrometers, while larger elongated particles were
located at the perimeter of these regions (Fig. 2f). As
typ reached 10 h, both types of particles coarsened and
the volume fraction of elongated particles dramati-
cally increased. Furthermore, the elongated particles
formed cellular networks with sizes of ~10-20 pm
throughout the whole sample in Fig. 2j. Intermetallic
phases usually deteriorate the plasticity of Al alloys
because of their brittle nature [60]. For instance, bulk
nanocrystalline Alg;Ni; Las samples with dimensions
of 2 mm X 2 mm X 4 mm failed without any plasticity
under compression at a strain rate of 10 s™!, which
was attributed to the presence of AI;Ni and Al La;



plus oxide layers and nano pores [61]. The ductility
of Al alloys further decreases with increasing vol-
ume fraction of intermetallic particles. Yang et al. [62]
observed shallower dimples on fracture surfaces of
Al-Mg alloys after tensile testing, which corresponds
to a higher fraction of Al;Mg, phases. In addition to
volume fraction, the size of intermetallic particles
plays a critical role in affecting plastic deformation,
with larger particles resulting in reduced plasticity.
By performing quasistatic compression testing on as-
cast (Tiy5Cug,3Nig ,5n) g7)9sM05 glass-forming alloys
at room temperature, He et al. [63] observed that the
plasticity decreased from ~ 3 to 0% when Ti,Ni parti-
cle size increased from <1 um to a few micrometers.
In contrast, the failure strain of the AI-Mg-Y system
in the present study improved from ~2.8 to 6.4%
when ALY particles coarsened from ~100-200 nm
to ~500 nm-1 um. This suggests that factors other
than intermetallic particle size play a dominant role
in enhancing the plasticity here. One possible explana-
tion is the spatial distribution of the particles.

It is worth noting that the bulk compression behav-
ior of Al-Mg-Y with f;;p =1 h reported here is different
from that of micropillar compression performed on
samples created with the same processing conditions.
In contrast to the brittle failure of bulk samples, micro-
pillars showed either stable plastic flow or localized
deformation through dominant shear banding after
yielding [45]. This difference can be attributed mainly
to the morphology of the intermetallic particles. In
Ref. [45], the cross-sectional SEM images of deformed
samples showed that the vast majority of the particles
had sizes below 1 um. Although several larger inter-
metallic particles existed, they all exhibited a relatively
equiaxed shape. However, for the bulk compression
specimens in the present study, particles with a large
aspect ratio formed (Figs. 2 and 8), which likely result
in much higher stress concentration. In Ref. [51], Pour-
bahari and Emamy performed tensile tests on A357
alloys with different La concentrations and observed
that samples with less than 0.1 wt% exhibited higher
plasticity than samples with a higher La content. The
improved plasticity in this case was attributed to inter-
metallic phase with a globular morphology in the low
La samples compared to needle-shape intermetallic
particles in the higher La content.

One key microstructural feature that contributes
to the excellent plasticity of the bulk nanocrystalline
Al-Mg-Y samples is the presence of amorphous grain
boundary complexions. Nanocrystalline Cu-Zr alloys

with amorphous complexions were found to have
much improved plasticity as compared to the same
alloys with ordered grain boundary structures [64].
Moreover, Khalajhedayati et al. [64] showed that fail-
ure mode in micropillar compression became much
more homogeneous when amorphous complexions
were in the alloy. Wardini et al. [65] subsequently
showed that improved ductility in microscale tension
experiments could be achieved with these amorphous
complexions. Therefore, the existence of amorphous
complexions in the present Al-Mg-Y alloys can also
be expected to play a significant role in enhancing
plasticity because of the interactions between the
endpoints of gliding dislocations and the amorphous
grain boundaries.

Conclusions

In the present study, fully-dense bulk nanocrystalline
Al-Mg-Y pellets were successfully fabricated using
a simple powder metallurgy approach. Quasi-static
bulk compression testing showed that samples with
typ>1 h were able to exhibit a combination of high
strength and appreciable plasticity. The underlying
mechanisms for high strength and plasticity were
investigated thoroughly using a variety of characteri-
zation techniques. The following important conclu-
sions are drawn:

(1) All conditions resulted in the same two second-
ary phases, namely Al,C; and ALY. The Al,C;
precipitates exhibited a rod shape and remained
at grain boundaries for all conditions, while two
populations of Al;Y were observed: small, equi-
axed versus larger, elongated particles.

(2) With increasing hot-pressing time, the elongated
ALY particles formed a cellular network which
became more regular with longer pressing time.
The cellular network effectively delayed shear
propagation, resulting in improved plasticity for
Al alloys with longer hot-pressing time.

(38) The existence of amorphous complexions plays a
vital role in improving the plasticity of nanocrys-
talline AI-Mg-Y. In addition, the retention of
these complexions after naturally cooling with a
slow cooling rate of less than 1 °C/s demonstrates
the excellent stability of the amorphous complex-
ions in this alloy.

@ Springer



(4) The hierarchy present in the microstructure of the
Al alloy, including nanorod precipitates, various
intermetallic particle morphology and distribu-
tion, as well as amorphous complexions, gives
rise to a balance of strength and plasticity that is
attractive for structural applications.
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