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A B S T R A C T   

Amorphous grain boundary complexions act as toughening features within a microstructure because they can 
absorb dislocations more efficiently than traditional grain boundaries. This toughening effect should be a strong 
function of the local internal structure of the complexion, which has recently been shown to be determined by 
grain boundary crystallography. To test this hypothesis, molecular dynamics are used here to simulate dislo
cation absorption and damage nucleation for complexions with different distributions of structural short-range 
order. The complexion with a more disordered structure away from the dislocation absorption site is actually 
found to better resist crack nucleation, as damage tolerance requires delocalized deformation and the operation 
of shear-transformation zones through the complexion thickness. The more damage tolerant complexion ac
commodates plastic strain efficiently within the entire complexion, providing the key mechanistic insight that 
local patterning and asymmetry of structural short-range order controls the toughening effect of amorphous 
complexions.   

Solute segregation can lead to structural transitions between 
different types of grain boundary complexions, or interfacial phases in 
thermodynamic equilibrium with their abutting grains [1,2]. Nanoscale 
film grain boundary complexions have a stable, finite thickness and can 
be structurally ordered or disordered depending on grain boundary 
crystallography, temperature, and chemistry [3,4]. While ordered 
complexions are often reported to be brittle and lead to premature 
intergranular failure in generally ductile metals [5,6], structurally 
disordered or amorphous complexions can enhance the mechanical 
damage resistance of nanocrystalline alloys [7,8]. Amorphous com
plexions have been shown to simultaneously improve the strength and 
ductility of nanocrystalline Cu-Zr alloys, while also increasing the 
thermal stability [9,10], as compared to nanocrystalline Cu [11,12]. 
Thicker amorphous complexions can lead to further improvements in 
the ductility of nanocrystalline alloys as these features can accommo
date more dislocations before damage nucleation [13,14]. 

The properties of complexions are connected to their internal 
structure [15], and in turn, play an important role in determining the 
bulk properties of polycrystalline materials [16]. Amorphous complex
ions can be characterized by the structural short-range order (SRO), 
defined as the reoccurrence of the same type of atomic arrangement 

within the first coordination shell [17]. For example, amorphous com
plexions can be separated into two structurally distinct regions: (1) the 
complexion interior with a fully amorphous structure and (2) the 
amorphous-crystalline transition regions (ACTRs), which connect the 
interior with neighboring crystalline grains [18]. Our recent work shows 
that the structure of amorphous complexions is controlled by the in
compatibility or misfit between the neighboring grains with the more 
strained neighboring crystal leads to a more disordered ACTR [19]. 

Structural SRO in bulk amorphous materials has been directly con
nected to mechanical properties [20,21], which can serve as a reference 
point for amorphous complexions. For example, in Cu-Zr metallic 
glasses, geometrically favorable icosahedral polyhedra have been shown 
to provide resistance to plastic flow, leading to increased strength and 
ductility [22,23]. These geometrically favorable structures are con
trasted by geometrically unfavorable motifs (GUMs) which fill the 
remaining material and connect the foundational icosahedral polyhedra 
in bulk metallic glasses [24]. GUMs have highly disordered atomic ar
rangements that form instability prone soft spots [25,26], which upon 
deformation are responsible for the localized operation of shear trans
formation zones (STZs) that leads to the fracture of metallic glasses [27, 
28]. Thus, the importance of local atomic structure for the deformation 
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behavior of bulk amorphous metals is established, yet such features are 
not understood for amorphous complexions. We hypothesize that the 
dislocation absorption capacity and toughening ability of amorphous 
complexions should be controlled by the atomic details of the internal 
complexion structure. 

In this study, the connection between structural SRO and the damage 
tolerance of amorphous complexions is probed using atomistic simula
tions. Two Cu-Zr bicrystal samples with different combinations of 
incompatible neighboring grains were created, resulting in structurally 

distinct amorphous complexions. Importantly, the dislocation absorp
tion capacity of one complexion is found to be twice as high as the other. 
The damage nucleation process is delayed when plasticity can be shared 
through the complexion thickness, with GUMs found to accommodate 
the majority of the plastic strain. This work establishes the first 
structure-property relationship for amorphous complexions by demon
strating the impact of structural SRO on damage tolerance. 

Amorphous complexion models were created with hybrid Monte 
Carlo/molecular dynamics (MD) simulations using the Large-scale 

Fig. 1. (a) A Cu-Zr bicrystal sample containing amorphous grain boundary complexions, where relative grain orientations can be varied. (b) Image of a repre
sentative amorphous complexion separated into different regions based on structural SRO and the nearest grain. Ordered SRO is most commonly observed in ACTRs, 
whose edges are marked by dashed black lines, while more disordered SRO dominates the complexion interior (CI). The density of SRO types in different regions of 
(c) Complexion 1 and (d) Complexion 2. The black dashed lines mark the ordered SRO density in the more disordered ACTR, which occurs on the inside of 
Complexion 1 and the outside of Complexion 2. Therefore, ACTR(A-B) is less ordered than ACTR(B-A) in Complexion 1, while ACTR(A-C) is more ordered than ACTR 
(C-A) in Complexion 2. 
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Atomic/Molecular Massively Parallel Simulator (LAMMPS) code [29], 
with a 1 fs integration time step for all MD simulations and an 
embedded-atom method potential for Cu-Zr [30]. Two starting Cu 
bicrystal samples were chosen with different crystallographies. The 
X-axis of the first grain, Grain A, is oriented along the [110] direction in 
both bicrystal samples, whereas the X-axis of the second neighboring 
grain is oriented along the [111] direction (Grain B) in Complexion 1 and 
along the [152] direction (Grain C) in Complexion 2 (Fig. 1(a)). The 
simulation cell is approximately 115 nm long (X-direction), 31 nm tall 
(Y-direction), and 10 nm thick (Z-direction), containing ~3000,000 
atoms, with periodic boundary conditions in all directions. The bicrystal 
samples were first relaxed at 1000 K using a Nose-Hoover thermo/
barostat at zero pressure, followed by doping with 2 at.% Zr and further 
equilibration, with additional details provided in Ref. [19]. The 
complexion samples were quenched from 1000 K to 10 K at a cooling 
rate of 1013 K/s while maintaining zero pressure in all directions, fol
lowed by a hold at 10 K for 100 ps under zero pressure. 

A positive hydrostatic stress was created to provide a driving force 
for crack/damage nucleation by applying an elastic tensile strain of 4% 
in the X-direction while not allowing Poisson contraction in the other 
directions. The samples were then held for another 200 ps under the 
canonical ensemble after the tensile pre-strain step. An artificial dislo
cation source in the center of the samples was operated by gradually 
displacing two layers of atoms relative to each other at a constant speed 
to generate multiple dislocation pairs, following the procedure intro
duced by Pan and Rupert [31]. Simultaneously, a shear deformation 
under the canonical ensemble was applied at an engineering shear strain 
rate of 108 s− 1, with the two bottom layers of atoms held fixed in the 
Y-direction to limit rigid body grain rotation. The dislocations nucleated 
from the dislocation source upon deformation were identical in both of 
the complexion samples as the center grain (Grain A), the dislocation 
source, and the simulation cell deformation are all the same for the two 

samples. Shockley partial dislocations with b
⇀
= a/6〈112〉 are created 

and then absorbed in all cases. For both bicrystals, five thermodynam
ically equivalent configurations differing slightly by subtle thermal vi
brations were examined to allow for improved statistics. The local 
structure of each atom was characterized using the Voronoi tessellation 
method [32,33] with the index notation 〈n3, n4, n5, n6〉, where ni stands 
for the number of Voronoi polyhedron faces with i edges. The density of 
specific polyhedra types then provides a metric to describe SRO varia
tions within the complexions. Since Cu is the primary elemental species 
in the alloys studied here, our analysis was restricted to the structural 
SRO motifs observed around Cu atoms. Structural analysis and visuali
zation were performed using the open-source visualization tool OVITO 
[34]. 

Figure 1(b) shows an undeformed amorphous complexion separated 
into different regions with distinct SRO patterns. The local structure of 
the ACTRs is notable for the presence of 〈0, 10, 2, 0〉 and 〈0, 8, 4, 
0〉 polyhedra, which are similar to the perfect FCC polyhedra 〈0, 12, 0, 
0〉 and therefore referred to as ordered SRO polyhedra (represented by 
orange atoms). The central region of the complexion corresponds to the 
complexion interior (CI) and is dominated by 〈0, 0, 12, 0〉 and 〈0, 2, 10, 
0〉 polyhedra, which are similar to the amorphous structure of bulk Cu- 
Zr glasses and together referred to as Icosahedral-like (ICO-like) motifs 
(represented by blue atoms). The remaining CI region is filled with a 
variety of highly disordered GUMs (represented by green atoms). The 
ACTR edge is defined at the location where the ordered polyhedra 
become more common than the ICO-like polyhedra, resulting in ACTR 
thicknesses of ~0.6 nm for the complexions studied in this work. 
Further, different ACTRs can be distinguished based on their nearest 
grain such that the ACTR next to Grain A is referred to as ACTR (A-B) 
and that adjacent to Grain B is named ACTR(B-A) in Complexion 1. 
Similarly, the ACTR next to Grain A is referred to as ACTR(A-C) while 
the one next to Grain C is called ACTR(C-A) in Complexion 2. 

The incoming dislocations interact with ACTR(A-B) and ACTR(A-C) 

in Complexion 1 and Complexion 2, respectively. Figure 1(c) and (d) 
show the density of ordered, ICO-like, and GUM SRO types in the 
different regions of the complexions. The density of ICO-like polyhedra 
and GUMs in the two CI are nearly identical and also similar to the local 
structural order in the bulk amorphous phase [35]. However, an 
asymmetry is observed in the ordered SRO density of the ACTRs, where 
one side is more ordered than the other. In Complexion 1, the incoming 
dislocations will be absorbed at the less ordered ACTR(A-B), while the 
dislocations will be absorbed at the more ordered ACTR(A-C) in 
Complexion 2. Both the complexions have a thickness of ~8 nm, com
parable to prior experimental observations in Cu- [9] and Al-rich [36] 
alloys, and similar SRO density in different regions of the two com
plexions. The primary difference between the two is the reversal in the 
location of the more ordered ACTR, which appears next to the exterior 
grain in Complexion 1 and next to the interior grain (i.e., where the 
dislocations are absorbed) in Complexion 2. The systematic difference 
between the complexion structures provides a straightforward method 
to test our hypothesis that local structure determines damage tolerance. 

Figure 2(a) and (b) show the initial damage nucleation event at 
ACTR(A-B) and ACTR(A-C) in Complexion 1 and Complexion 2, 
respectively. This point is identified when the total void/crack volume is 
greater than 0.5 nm3, equivalent to the size of a spherical crack with a 
diameter of ~1 nm. The damage resistance of the two complexions 
differs significantly, as damage nucleation occurs in Complexion 1 at a 
shear strain of 6.5% whereas, in Complexion 2 damage nucleated at a 
shear strain of 8.9%. More important than the critical strain value is the 
fact that the dislocation absorption capacity of Complexion 2 is two 
times higher than that of Complexion 1, as this is the physically relevant 
event associated with plasticity and damage nucleation. Complexion 2 
accommodated three full dislocations before damage nucleation, 
whereas Complexion 1 absorbed only one full dislocation and half of the 
second dislocation (the leading Shockley partial) before damage nucle
ation. The ordered grain boundaries from which the two complexion 
samples were created have identical damage tolerances, with both 
absorbing only one partial dislocation before damage nucleation, as 
shown in Fig. S1 in the Supplemental Materials. Therefore, it is clear that 
subtle differences in the local structure of complexions arising from 
variations in grain boundary crystallography can significantly improve 
their damage tolerance. 

Figure 2(c) shows the damage site at ACTR(A-B) along with the 
surface atoms around this site, which primarily consist of GUMs and a 
smaller population of ordered and ICO-like SRO. To understand the ef
fect of dislocation absorption and damage on complexion SRO, Fig. 2(d) 
and (e) show the density of ordered SRO and GUMs as a function of 
applied shear strain in the ACTRs that interact with incoming disloca
tions in each complexion. The ordered SRO density in both complexions 
remains constant for a period and then decreases as shear strain in
creases towards the damage nucleation point (gray dashed line). The 
opposite trend is observed in the GUM density, which increases near the 
damage nucleation point. Thus, several atoms with ordered SRO are 
transforming to GUMs as damage begins, with an example of one such 
structural transition shown in Fig. 2(f). The conversion of geometrically 
favorable motifs to GUMs has been widely observed during the defor
mation of bulk metallic glasses, which promotes the activation of STZs 
leading to shear banding and fracture [37,38], with our results showing 
the first such observation made in amorphous complexions. 

To understand why one complexion is twice as damage tolerant than 
the other, the distribution of plasticity within the complexions is next 
investigated using the non-affine squared displacement (NASD), a 
deformation descriptor associated with the activation of STZs in metallic 
glasses [39,40]. NASD is calculated by measuring the non-elastic strain 
experienced by an atom with reference to the undeformed sample [41]. 
An atom is considered to undergo plastic deformation when its NASD 
exceeds the square of the distance of the second nearest neighbor shell 
(NASD > 20 Å2, for this alloy system) [42]. The STZs, therefore, are 
simply clusters of atoms with high NASD values [43,44]. To allow for a 
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rigorous comparison, Fig. 3 presents data from the complexions on the 
right side of the simulation cells. Identical observations were made from 
the complexions on the left side and are presented in Fig. S5 in the 
Supplemental Materials. Figure 3(a) and (b) show the snapshots of the 
NASD distribution in the two amorphous complexions before damage 
(one fewer Shockley partial has been absorbed) and at damage nucle
ation. The distribution of plasticity is quantified by measuring the 
density of STZs within a 1 nm thick strip normal to the dislocation 

interaction region, as shown by the gray boxes in Fig. 3(a) and (b). 
Figure 3(c) and (d) present the spatial distribution of STZ density. In 
Complexion 1, very limited STZs operate before damage which are 
primarily concentrated at the dislocation absorption location within 
ACTR(A-B), and only a slight increase is observed in the amorphous 
interior of complexion upon damage nucleation. In contrast, STZs are 
observed not only around the dislocation absorption region in ACTR 
(A-C) but also within the CI and along ACTR(C-A) on the other side of 

Fig. 2. Damage nucleation at the ACTRs where dislocations are absorbed in (a) Complexion 1 and (b) Complexion 2, with the shear strain and the number of 
dislocations absorbed at damage nucleation noted. (c) A damaged region with the surface atoms colored according to their structural SRO. The density of ordered 
SRO and GUMs as a function of applied shear strain in the ACTRs where dislocations are absorbed in (d) Complexion 1 and (e) Complexion 2. (f) An atom that ends up 
being along the damage surface undergoing a structural transformation from ordered motif to GUM upon deformation. 
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Complexion 2 both before damage and at damage nucleation. These 
dramatic differences in the deformability of the two complexions dem
onstrates the importance of subtle variations in the local structure. The 
localization of STZs is shown to be responsible for the formation of shear 
bands and catastrophic failure in metallic glasses [45,46]. Amorphous 
complexions are damage tolerant because of their shared plasticity, and 
Complexion 2 clearly shares this plastic deformation into a larger region. 
Complexion 2 has less order at the opposite ACTR and is, therefore, able 
to recruit that region to help relieve the strain heterogeneities from the 
incoming dislocations, delaying damage nucleation. It is more damage 
tolerant because it more efficiently uses the entire amorphous structure 
to distribute plasticity within the complexion. Complexion 2 survives to 
much larger applied strains, at which point dislocations can be observed 
to nucleate into the neighboring grains, as shown in Fig. S4 in the 
Supplemental Materials. The sharing of plastic deformation with the 
next grain may provide an additional pathway to toughening. 

Finally, one must understand why one complexion deforms in a more 
distributed manner than the other. Multiple structural parameters such 
as free volume [47], configurational potential energy [48], local entropy 
[49], and atomic-level stresses [50] have been used to build 
structure-property relationships and explain plasticity in metallic 
glasses, yet these all have limitations [38]. Free volume is the most 
commonly used parameter to characterize the structure of amorphous 
materials [51], although it was originally developed for liquid and 
gaseous systems and lacks accuracy for solid materials [52]. Ding et al. 
[38] proposed a new structural parameter, flexibility volume (vflex), which 
takes into account both atomic volume and interactions between 
neighbors via atomic vibrations. This parameter quantitively predicted 
the mechanical properties of metallic glasses, with local regions of 

higher flexibility volume resulting in a more ductile material [53]. 
Flexibility volume is an indicator of the propensity for plasticity in 
glasses as regions with high flexibility volume have a higher tendency of 
STZ activation and is defined as the product of atomic vibrational mean 
squared displacement (MSD) and the average atomic spacing, as 
explained in Refs. [53,54]. The undamaged states of the two complexion 
samples, without any shear deformation, were equilibrated under a 
microcanonical ensemble (NVE) at 300 K to calculate the vibrational 
MSD over a short period of time, while local atomic spacing is deter
mined by taking a cube root of the local atomic volume as measured by 
the Voronoi analysis method in OVITO. Figure 4(a) and (b) show the 
distribution of the flexibility volume within Complexion 1 and 
Complexion 2, respectively. In Complexion 1, a few randomly distrib
uted regions exhibit high vflex. In contrast, in Complexion 2 there is a 
large population of interconnected high vflex regions along the side of the 
complexion opposite from the dislocation absorption site, near ACTR 
(C-A). These regions are primed to easily flow, enabling the large den
sity of STZs, distributed plasticity, and improved damage tolerance 
shown in Fig. 3(b) for Complexion 2. 

In summary, the damage tolerance of amorphous complexions was 
investigated with MD simulations, with a focus on understanding how 
spatial variations in SRO affect performance. Ordered SRO transforms to 
highly disordered GUMs upon shear deformation, leading to damage 
nucleation near the dislocation absorption site. One of the complexions 
was found to be twice as damage tolerant as the other because it could 
accommodate the plastic strain from incoming dislocations more effi
ciently by sharing deformation through the complexion thickness. The 
effect of SRO patterning on the damage tolerance of complexions is 
comparable to grain boundary deformation in nanocrystalline alloys 

Fig. 3. The distribution of NASD before damage and at damage nucleation in (a) Complexion 1 and (b) Complexion 2. Atoms with NASD > 20 Å2 have deformed 
plastically through STZ operation, with the density of STZs quantified within a 1 nm thick strip normal to the dislocation absorption site. The spatial distributions of 
STZ density are plotted for (c) Complexion 1 and (d) Complexion 2 with the edges of the ACTRs marked by the dashed black lines. 
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which is significantly affected by variations in the atomic structure of 
interfaces [55]. The structural order/disorder and the corresponding 
propensity for activation of STZs in amorphous complexions were shown 
to be related to the flexibility volume structural parameter. A large 
number of easily deformed regions through the complexion thickness is 
beneficial for damage tolerance because it allows for distributed plas
ticity. Thus, the damage tolerance of an amorphous complexion is 
indeed directly determined by its local atomic structure, with this work 
providing a pathway for the design of strong and tough interfaces. 
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