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Mechanisms of near-surface structural evolution in nanocrystalline materials during sliding contact
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The wear-driven structural evolution of nanocrystalline Cu was simulated with molecular dynamics under
constant normal loads, followed by a quantitative analysis. While the microstructure far away from the sliding
contact remains unchanged, grain growth accompanied by partial dislocations and twin formation was observed
near the contact surface, with more rapid coarsening promoted by higher applied normal loads. The structural
evolution continues with increasing number of sliding cycles and eventually saturates to a stable distinct layer
of coarsened grains, separated from the finer matrix by a steep gradient in grain size. The coarsening process
is balanced by the rate of material removal when the normal load is high enough. The observed structural
evolution leads to an increase in hardness and decrease in friction coefficient, which also saturate after a number
of sliding cycles. This work provides important mechanistic understanding of nanocrystalline wear, enabled by
the quantitative description of grain structure evolution.
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I. INTRODUCTION

Nanocrystalline materials are excellent wear-resistant coat-
ings due to their high strength and hardness [1]. Extremely
small grain sizes provide limited space for traditional dis-
location activities, such as tangling, forest interactions, and
pile-up formation, with plastic deformation now dominated
by new mechanisms that emphasize the grain boundaries
either as sources and sinks for dislocations or even as direct
carriers through grain boundary sliding and rotation [2–6].
As a result, nanocrystalline materials often experience unique
wear-induced structural evolution near the contact surface. For
coarse-grained materials, grain sizes near the contact surface
are typically refined by the dislocation cell structures formed
in the local plastic deformation during the sliding process
[7]. However, nanocrystalline materials have been observed
to experience grain coarsening during the sliding wear process
[8,9]. This evolution is especially interesting because it has
been linked to unexpectedly high wear resistance. Wear rate, or
the volume of worn material per unit sliding distance, usually
follows the Archard model [10] and is inversely proportional
to the hardness of the material prior to testing, meaning
harder materials wear less. Rupert and Schuh [9] found that
the Archard model no longer captures the wear behavior of
electrodeposited nanocrystalline Ni-W, with these materials
having wear resistance that is higher than that predicted by
their as-deposited hardness due to the evolution of the surface
microstructure and properties.

The type and extent of wear-driven structural evolution of
nanocrystalline materials observed in experiments can vary
with the material’s starting grain size, the choice of coating
material, sliding speed, contact pressure, and other factors.
For Ni-W, when the grain size is extremely small (less than
15 nm), a grain growth layer forms on top of the ultrafine
nanocrystalline matrix, with or without a transition region
comprised of a grain size gradient in between depending on
the contact load and therefore the applied stress [8,9,11]. At
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larger grain sizes, no substantial structural change is observed
during wear in Ni-W [9] or Mg [12]. However, grain growth
has been observed in Ni-Fe when the initial grain size is 34 nm,
forming a layer of large grain sizes sandwiched between an
ultrafine nanocrystalline thin layer right underneath the contact
surface and the nanocrystalline matrix below [13]. Another
multilayer configuration was found after the sliding wear of
nanocrystalline Ni with grains in the range of 20–100 nm [14],
except that the boundary between the ultrafine nanocrystalline
layer and the large grain layer was not flat, but rather wavy due
to the formation of a vortexlike structure. Another multilayer
is found in a mixed nanostructured Cu that contains both
nanoscale twin lamellae and typical nano-sized grains, with a
vortex structure right underneath the contact surface, followed
by a ultrafine grained layer, and then finally the nanocrystalline
matrix [15].

The discussion above shows that structural evolution near
contact surfaces is widespread in nanostructured materials,
yet this behavior can only be fully understood if the detailed
mechanisms behind the evolution are uncovered. Experiments
struggle to accomplish this goal, as measurements of surface
structure are often made only before and after the wear
process. In addition, it is particularly difficult to measure
spatial gradients in grain size when both grains and the distance
over which their size changes is only in the nanometer range.
Comparatively, atomistic simulations offer a much higher spa-
tial and temporal resolution, since they are able to retrieve all
of the atomic details during wear. Such techniques have been
used to show that dislocation mechanisms, grain boundary
activities, and deformation twinning control the plasticity
of nanocrystalline Cu during a wear process [16], with the
relative contribution depending on the scratching rate [17]. The
formation mechanism of the displaced or removed material
by the indenter during sliding process of nanocrystalline Cu
has also been studied [18], showing that dislocation activities
of some well-aligned slip systems are responsible for the
bulging and fold formation. Li and Szlufarska [19] studied
the dependence of wear on grain size in nanocrystalline Cu,
finding that the grain size effect is coupled to the indenter tip
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size and identifying an optimum grain size that has the best
wear resistance. The wear behavior of nanocrystalline SiC has
also been studied with molecular dynamics, showing that grain
boundary sliding is the primary deformation mechanism [20].
An alternative geometry was a focus of the work by Romero
et al. [21], who simulated two nanostructured slabs that were
pushed together and moved relative to one another. These
authors found evidence of coarsening in a localized shear
band, similar to earlier observations from molecular dynamics
of nanocrystalline nanowire samples in tension [22]. Although
this collection of prior work shows that atomistic simulations
are a valuable tool for modeling wear, the evolution of surface
structure and resulting mechanical properties, as well as the
mechanisms responsible for this evolution, have not yet been
quantitatively investigated in detail, especially as a function of
time or sliding cycle. Reports of wear-induced coarsening have
been largely qualitative to date, without a full description of
grain size distribution and resultant texture (preferred crystal
orientation).

In this work, we isolate and quantify structural evolution
under constant-load sliding contact using nanocrystalline Cu
as a model system. Grain growth was observed during the
sliding process, with faster growth and a more discrete coars-
ened layer promoted by the application of higher normal loads.
Quantitative analysis of the structural evolution is performed
using a recently developed Grain Tracking Algorithm (GTA)
[23–25], indicating that the structural evolution continues with
increasing number of wear cycles by first forming a gradient
structure and then saturating to a distinct coarsened layer that
is balanced by the rate of material removal at high normal
load. This work allows us to measure sub-surface damage in a
quantitative way that differs from prior modeling studies, with
results comparable with experimental observations.

II. SIMULATION METHODS

Atomistic simulations were performed using the Large-
scale Atomic/Molecular Massively Parallel Simulator
(LAMMPS) code [26], with integration time step of 1 fs. An
embedded-atom method potential was used to describe the
interatomic interactions of Cu atoms [27]. Structural analysis
and visualization of atomic configurations were performed
using the open-source visualization tool OVITO [28], with
local structure of each atom identified based on adaptive
common neighbor analysis (CNA) [29,30]. For figures using
CNA to show atom structure, face-centered cubic atoms are
colored green, hexagonal close-packed atoms are colored red,
body-centered cubic atoms are colored blue, icosahedral atoms
are colored yellow, and other atoms (usually grain boundaries
or surfaces) are colored white. The starting configuration is
a nanocrystalline sample created through Voronoi tessellation
construction, with an average grain size of 5 nm, as shown
in Fig. 1. This fine grain size was chosen to be comparable
to experimental reports in nanocrystalline Ni-W, where the
most obvious structural evolution was found for alloys with
starting average grain sizes of 3–5 nm [8,9]. The simulation
cell is quasi-two-dimensional and 45 nm long (X direction),
50 nm tall (Y direction), and 15 nm thick (Z direction), with
the thickness chosen to make sure at least three grains are
distributed in this direction. As a whole, the sample contains

FIG. 1. The simulation setup for the indentation and scratching
of a nanocrystalline sample with an average grain size of ∼5 nm
constructed with Voronoi tessellation method. Atoms are colored
according to CNA, to show the grain structure.

∼500 grains and ∼3 000 000 atoms. The sample was first
equilibrated with a conjugate gradient minimization technique
to the minimum potential energy state, with periodic boundary
conditions applied in all three directions. A Nose-Hoover
thermo/barostat was then used to anneal the sample for 50 ps
under zero pressure at 600 K, to relax any unrealistic grain
shapes or grain boundaries associated with the Voronoi con-
struction technique. After annealing, the sample was cooled
down to 300 K over 50 ps and then kept at this temperature
for another 20 ps. Thereafter, the periodic boundary condition
was removed in the Y direction to create free surfaces and a
1-nm-thick layer of atoms at the bottom was fixed. The sample
was then relaxed for additional 20 ps at 300 K in a canonical
ensemble to construct the final sample with the contact surface
on top. The final average grain size increases to 5.5 nm due
to slight grain growth during the annealing during sample
preparation.

A cylindrical indenter was used to first indent at the center of
the top surface and then scratch the sample in the X direction at
different normal loads, as shown schematically in Fig. 1, with
the cylinder axis parallel to the sample thickness direction and
the axis length equal to the sample thickness. The cylindrical
indenter and quasi-two-dimensional sample setup were chosen
so that the contact stresses only vary as a function of one
dimension: the depth into the sample in the Y direction. This is
useful when trying to quantify microstructural evolution, since
grain size and other features can be calculated as a function of
depth. The indenter radius is 8 nm so that it can span at least 3
grains in the X direction. The interaction between atoms and
the indenter is modeled with a repulsive potential [31], with the
exerted repulsive force on the indenter calculated by F (r) =
−K(r − R)2 when r � R and F (r) = 0 when r > R. Here r

is the distance from the atom to the center axis of the indenter
and R the indenter radius. K is the force constant, specified

to be 1602 GPa (10 eV/Å
3
) in this work. This repulsive force

model and K equal or close to this value have been widely

043602-2



MECHANISMS OF NEAR-SURFACE STRUCTURAL . . . PHYSICAL REVIEW MATERIALS 1, 043602 (2017)

FIG. 2. The applied normal load on the indenter as a function
of (a) indentation depth during the initial indentation process and
(b) sliding displacement during the scratching process. Fluctuations
in the applied load can be controlled to within ±1% of the target load
during the scratching process.

used and validated in atomistic simulations of indentation in
metallic systems [31–33].

A load-controlled indentation and sliding methodology was
created to allow for multiple sliding passes. The vast majority
of atomistic simulations of sliding wear in the literature use
a displacement-controlled technique, where an indentation
depth is defined ahead of time and kept constant. This is
problematic when trying to observe cyclic evolution, as the
indenter tip will gradually lose contact with the surface as
more material is removed. In contrast, Hu et al. [34] were able
to simulate a constant load by applying load directly on the
indenter top, where the indenter is modeled with a cluster of
atoms and atoms at the top are held as a rigid body. Other
similar techniques have been reported in Refs. [35,36]. To
maintain a constant contact load in this study, the vertical
position of the indenter was adjusted every time step during
the indentation and sliding process, with atomic positions
and velocities updated in a canonical ensemble at 300 K.
The indenter was moved up if the load is higher than the
target load and moved down otherwise. A maximum speed of
240 m/s was set for the correction to reduce the overshoot
of the load. If overshoot does happen to occur, the maximum
speed was reduced to 60 m/s to avoid large vibrations around
the target load. The whole indentation process continues for
40 ps. Figure 2(a) shows how the load changes with indentation
depth with a target load of 481 nN, corresponding to 300 eV/Å
in units more directly related to the repulsive potential. The
load first increases slowly when the indenter gradually touches
the materials, then increases rapidly when the indenter pushes
into the material until the load reaches the target value and is
held at this value. For the sliding portion of the simulation,
the indenter was moved in the positive X direction at a speed
of 100 m/s while maintaining the constant load. Figure 2(b)
shows how the normal load changes during this sliding process.
The load fluctuates around the target value, with the deviations
being less than ±1% of the target load.

The sliding process continues up to eight cycles. After
each cycle, the grain size was quantitatively analyzed using
the GTA code [24]. This code can identify grains based on
the local crystallographic orientation of each atom as well as
characterize grain boundaries by their misorientation and grain
boundary plane normal [25], while also tracking such features
throughout a simulation. Atoms are first categorized into grain
interior (face-centered cubic) or defects atom based on the

FIG. 3. Atomic snapshots taken right before and after indentation
with an applied normal load of 481 nN. Atoms are colored according
to CNA. The lower part of the indenter is drawn to mark its position
after indentation. The black arrows mark the position of newly formed
stacking faults due to the indentation.

centrosymmetry parameter [31]. Then the crystallographic
orientation of each crystalline atom is calculated based on
its local environment. After that, grains are identified as the
cluster of neighboring crystalline atoms between which the
misorientation angle are less than 1◦. Before GTA analysis,
conjugate gradient energy minimization was used to remove
thermal noise in atomic misorientation so that all atoms
belonging to a grain are counted when using such a small
angle cutoff. This is done to prevent the artificial identification
of neighboring grains as one [24]. The size of each grain is
then calculated as the diameter of a sphere that has the same
volume with the grain. In this study, stacking faults in the grain
interiors were counted as crystalline atoms, to avoid incorrectly
identifying one grain as two in the case of a stacking fault that
bisects a grain.

III. RESULTS AND DISCUSSION

Figure 3 presents snapshots right before and after inden-
tation with a normal load of 481 nN applied on the indenter
and atoms colored according to CNA. Before indentation, the
whole sample shows a typical polycrystalline configuration
decorated by some twin boundaries (single layer of red atoms)
and stacking faults (double or multiple layers of red atoms).
After indentation, new stacking faults, as indicated by the
black arrows, have appeared beneath the indenter due to
the indentation process. Right after indentation, the contact
pressure (defined as the applied normal load divided by
projected contact area) between the indenter and the sample
is 4.24 GPa. The indenter starts to move in the positive X

direction from this indented configuration, which therefore
corresponds to a sliding displacement of 0 nm. Figure 4
presents snapshots at higher sliding displacements during
the first sliding cycle. At a sliding displacement of 10 nm,
additional stacking faults appear both in front of and behind
the indenter tip. The number of stacking faults continues to
increase at higher sliding displacement, indicating an increased
activity of Shockley partial dislocations. New twin boundaries,
indicated by the black arrows, also begin to form at a sliding
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FIG. 4. Atomic snapshots taken at different sliding displacements during the first cycle of the scratching process with an applied normal
load of 481 nN. Partial dislocations and deformation twinning are observed near the contact surface. The black arrows mark the position of two
newly formed twin boundaries.

displacement of 20 nm, with the population increases with the
increasing displacement. A small pileup of material in front
of the indenter is observed in all frames. The first sliding
cycle is completed when the indenter moves back to the center
position and a new cycle starts as the indenter keeps moving
in the positive X direction.

Figure 5 shows the distribution of stacking fault and twin
boundary atoms along the Y position before and after inden-
tation, as well as for different sliding displacements during
the first wear cycle. This data supports the aforementioned
qualitative description of the trends for these two defect
structures. Stacking faults are identified as two or more planes
of hexagonal close-packed atoms and twin boundaries as an
isolated plane of hexagonal close-packed atoms. Right after
indentation, the number of stacking fault atoms has increased
significantly near the sample top when compared with the
starting configuration. During the sliding process, the number
of stacking fault atoms also increases with increasing sliding
displacement, but the rate of change slows down when the first
cycle is about to be completed. The change of twin boundary
atoms follows the same trend as the stacking fault atoms,
with the change occurring closer to the sample surface in this
case, consistent with the observation that new twin boundaries
appear after new stacking faults during the first sliding cycle.

Figure 6 presents snapshots after 1–6 sliding cycles. Both
partial dislocations and deformation twins continue to be
formed during the repetitive sliding process. At the end of
the fifth cycle, a fivefold twin forms, as shown in the inset to
Fig. 6. This is not an isolated event, as another fivefold twin

was formed at a distance 12 nm in the Z direction into the
page (not visible in Fig. 6). This type of twin can increase the
yield strength of nanowires [37,38] and are unlikely to form

FIG. 5. Distribution of (a) stacking fault and (b) twin boundary
atoms along the Y position before and after indentation and at different
sliding displacements of the first wear cycle in a sample loaded
under a normal load of 481 nN. The population of both types of
atoms increases with increasing sliding displacement near the contact
surface.
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FIG. 6. Atomic snapshots after different numbers of sliding cycles under a normal load of 481 nN, showing grain growth and the formation
of twin boundaries. An example of a fivefold twin is shown in the inset to this figure.

during uniaxial deformation of nanocrystalline materials, but
can be observed after severe plastic deformation [39]. Zhu
et al. [40] have attributed such observations to the complex,
three-dimensional stress state associated with severe plastic
deformation, which is also found around the sliding indenter
during the scratching process. The pileup asperity formed
in front of the indenter is largely gone after the second
cycle and the number of white atoms (most commonly grain
boundary atoms) near the contact surface gradually decreases
with increasing number of cycles, indicating that grain growth
happens during the scratching process. The coarsened region
also goes deeper into the material with more sliding cycles. It
should be noted that both the grain size, grain shape, boundary
network and preexisting stacking faults or twin boundaries at
the lower part of the sample do not change in any meaningful
way, indicating that structural evolution only occurs close to
the contact surface.

Similar structural evolution and deformation features are
also observed when the load is increased to 513 nN (contact
pressure of 4.31 GPa right before sliding). However, when the
load is increased to 529 nN (contact pressure of 4.25 GPa right
before sliding), as shown in Fig. 7, there is significantly more
material removal and the pileup in front of the indenter grows
with increasing cycle number. At the same time, the indenter
goes deeper and deeper into the sample, indicating that material
is being removed during this scratching process. During this
removal process, the layer underneath the contact still shows

evidence of partial dislocations, deformation twinning, and
grain growth. Further increases to the applied normal load
give more pileup and higher material removal rates. It is
worth noting that the contact pressure at 529 nN is lower
than that at 513 nN. This happens because there is more
plastic deformation at 529 nN, which pushes the indenter so
much deeper into the sample that the resulting increase in
projected contact area outpaces the increase in applied normal
load. This pressure drop could perhaps be used as an indicator
for the transition from pure grain growth to material removal
that is accompanied by grain growth. If the normal load is
increased from a very low level, a similar pressure drop can
be expected when the sample experiences a transition from
pure elastic deformation to plastic deformation during the
indentation process.

While we do not present the results in detail, scratching
simulations were also performed on nanocrystalline Ni, with
the interatomic interactions of Ni atoms described using
another embedded-atom method potential [41]. An identi-
cal sample size and grain size was chosen, with higher
normal loads since Ni is generally stiffer and stronger
than Cu. Partial dislocation nucleation, deformation twin-
ning, and grain growth that increased with increasing num-
bers of sliding cycles were also observed, indicating that
the structural evolution observed in nanocrystalline Cu is
not material specific but rather is generally observed for
face-centered cubic nanocrystalline materials. This means
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FIG. 7. Atomic snapshots after 1–3 sliding cycles under a normal load of 529 nN, showing material removal through an abrasive wear
process.

that the observations made here for Cu also shed light on
the understanding of wear behavior in other nanocrystalline
metals.

Figures 6 and 7 only give a qualitative description of
the wear-driven structural evolution as a function of sliding
cycle, so we use the GTA analysis code [24] to perform a
more quantitative analysis of microstructure. Figure 8 shows
the grain structure, with grains colored according to their
grain size, after sliding contact under two different applied
normal loads. At both loads, the grain size increases with
the sliding cycles at the upper part of the sample near the
contact surface and the coarsened grains are bounded in many
cases by straight twin boundaries. This indicates that the
upper part of the sample evolves toward a low-energy state
by both reducing the total area of grain boundaries through
grain growth and forming low-energy boundaries through
deformation twinning. The coarsened region forms a distinct
layer on the sample surface and grows into the sample with
more sliding cycles.

To show the depth dependence of structural evolution, the
average grain size along the Y direction is plotted in Fig. 9(a).
The inset to this figure shows how the average grain size is
calculated. At a given Y position, a cross-sectional plane that
is perpendicular to the Y axis is defined, with its projection
in XY plane indicated by the red line. The average grain
size at a given Y position is then calculated as the averaged
diameter of all of the grains that meet this cutting plane. We find
that the average grain size does not change from the sample
bottom (Y = 0 nm) to a Y position of ∼37 nm, even after
many sliding cycles, proving that the coarsening is limited to
the near surface region. The grain size distribution increases
significantly with increasing number of sliding cycles above
this region (Y = 37−50 nm), although repetitive sliding is
required as the first cycle gives no discernable evolution. When
a normal load of 481 nN is applied, grain size starts to increase
at a Y position of ∼42 nm in an approximately linear fashion,
followed by a plateau in grain size at a position 5 nm away
from the sample surface. A transition region exists that has a

FIG. 8. Snapshots after 1–6 sliding cycles under a normal load of (a) 481 nN and (b) 513 nN. Each grain is identified with the Grain
Tracking Algorithm (GTA) and colored according to its spherically equivalent diameter. Grain boundary atoms are shown in white.
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FIG. 9. (a) Grain size distribution and (b) number density
distribution of face-centered cubic atoms along the Y position in
samples after different numbers of sliding cycles under normal loads
of 481 and 513 nN. Grain growth occurs near the sample surface,
while no evolution occurs below ∼37 nm. Insets show how the grain
size and number density distributions are calculated.

gradient in grain size between the coarsened top layer and the
matrix with a finer grain size. Increasing the number of sliding
cycles moves the curve upward and to the left, demonstrating
that repetitive scratching causes the grain size near the sample
surface to become larger and pushes the coarsened region
deeper into the sample. The slope of the gradient region
increases with increasing number of sliding cycles, making the
transition region harder to demarcate. This finding suggests
that the gradient structure is an intermediate state and can
perhaps explain why this structure is not always observed in
experiments that characterized the microstructure after many
cycles. The comparison between two different normal loads
shows that a higher applied load causes more grain growth for
a given Y position, consistent with experimental observations
[11]. In all of the simulations, regardless of the applied load,
the average grain size tends to saturate to a consistent value
of ∼10 nm near the surface of the sample, although a deeper
coarsened region is found at higher applied load. The saturated
grain size of 10 nm is in the range of 10–15 nm grain size where
Vo et al. [42] observed that grain boundary sliding and rotation
stop dominating plasticity in nanocrystalline metals. It should
be noted that the whole sample is included in the analysis. As
the analysis plane moves near the sample top, fewer grains
meet the plane and the averaged grain size gradually loses

FIG. 10. Number density distribution of face-centered cubic
atoms as a function of Y position after 1–4 cycles under a normal
load of 529 nN. The position of sample surface moves downward with
increasing number of sliding cycles, indicating an abrasive material
removal process.

statistics, leading to a rapid increase in the average grain size
after its saturation shown in Fig. 9(a).

The sliding-induced structural evolution can also be quan-
tified from another perspective because the fraction of crystal
atoms in polycrystalline materials increases with increasing
grain size. Figure 9(b) shows the distribution of the number
density of face-centered cubic atoms, from the bottom to the
top of the sample, including those in wear debris if there is any,
after different number of sliding cycles. The number density
at a given Y position is measured by counting the number of
face-centered cubic atoms inside a 0.2-nm-thick bin centered
at this position. Similar to Fig. 9(a), a coarsened layer on the
sample surface, a gradient region, the effect of normal load, and
the tendency for grain size saturation with increasing number
of sliding cycles is also found. The only major difference is that
the number density of crystalline atoms quickly decreases very
close to the top surface, a feature that can be used to monitor the
location of the surface. Figure 10 shows the number density of
crystalline atoms as a function of Y position for a sample worn
under an applied normal load of 561 nN (contact pressure of
4.39 GPa right before sliding). Grain growth was also observed
on top of the sample, as indicated by the increase in the
number density of face-centered cubic atoms. However, the
sample surface also moves downward, showing how material
is removed by the indenter during the sliding process. This
scenario is in sharp contrast to that of diamond and related
materials in which wear occurs through surface amorphization
followed by material removal [34,43,44].

The grain coarsening and material removal can also be
correlated with the local stress distribution within the sample
during the indentation and sliding process. Figure 11 shows the
von Mises or equivalent stress distribution inside the sample
under normal loads of 481 and 513 nN. The six components of
the stress tensor at a given location are calculated by averaging
the corresponding components of all the atoms residing within
a cylinder centered at this point that runs through the sample
thickness and has a radius of 0.4 nm. The von Mises stress
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FIG. 11. Von Mises stress distribution in samples right before sliding and after different number of sliding cycles under normal loads of
(a) 481 nN and (b) 513 nN. The white dotted lines roughly mark the lower position of high-stress region right before sliding begins.

is then calculated based on the averaged stress components
at each point. The relatively high stress regions (>1 GPa) are
distributed beneath the indenter tip, marking the deformed
zone. During the sliding process, the stress moves across the
top region, leaving a trail of highly stressed regions related
to the plastic deformation that has occurred. However, the
most highly stressed region moves with the indenter tip,
located beneath and slightly in front of the contact. For both
normal loads shown in this figure, the highly stressed region
extended approximately 15 nm into the sample, as measured
from the original surface location. Alternatively, this would be
approximately 35 nm from the bottom of the sample, as marked
in Fig. 11 by white dotted lines. This depth is close to that of
grain growth region shown in Fig. 9, again indicating a strong
correlation between high-stress and grain growth. The higher
normal load results in a wider high stress region, not one that
is noticeably deeper. This larger high stress region of influence
means a larger region of plastic deformation and grain growth,
explaining the observation that grain coarsening occurs more
quickly with a 513 nN normal load. It is worth noting that
the high-stress region always hovers at the top region during
the sliding at the two loads. However, this is no longer the case
when increasing the load to 529 nN. As shown in Fig. 12, the
high stress region becomes larger after the first cycle when
compared with the two lower loads and starts to extend much
deeper into the sample by the third cycle. The extension of the
high stress region and thus plastic deformation, in addition to
the removal of the affected region over time, means grain size
may never have a chance to reach a distinct, saturated value.

When combined, Figs. 9–12 give a complete picture of
the effect of applied normal load on structural evolution.
When the load is very low, the indenter can only induce
elastic deformation to the sample and no prominent structural
evolution would be expected. When the load is high enough to
induce plastic deformation, grain growth will happen during
the sliding process, with higher loads inducing faster growth.
As the applied load is further increased, material near the

surface of the sample will be removed during the sliding
process. Consequently, part of the near-surface region that
coarsens is removed by the indenter. Generally, this suggests
that any observed structural evolution is a balance of plasticity
near the surface and abrasive removal of material.

It should be noted that during the grain growth process,
the maximum size of the grown grains becomes similar to
the sample thickness. As shown in Fig. 13(a), a single grain
runs through the thickness direction after four cycles under
a normal load of 481 nN. Such an observation could suggest
that the maximum grain size observed during the scratching
process is limited by the sample thickness. To explore this
question, another simulation with doubled sample thickness
(30 nm) and a doubled normal load (962 nN) was performed.
The higher load combines with the larger contact area to give
the same contact stress as the prior simulation setup. The side

FIG. 12. Von Mises stress distribution in a sample after the first
and third sliding cycles under a normal load of 529 nN.
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FIG. 13. Side view of (a) the 15-nm-thick sample after four
sliding cycles under a normal load of 481 nN and (b) the 30-nm-thick
sample after seven sliding cycles under a normal load of 962 nN.
Grown grains run through thickness direction in the thin sample but
not in the thick sample.

view of the sample after seven sliding cycles is shown in
Fig. 13(b), where multiple grains are now observed through
the sample thickness. The largest single grain observed near
the surface in this figure is ∼14 nm in diameter, close to the
value (16 nm) obtained in the simulations run with a thinner
sample. The number density distribution of face-centered cubic
atoms in this sample is plotted together with that of the thin
sample in Fig. 14. The two curves show a consistent trend, with

FIG. 14. Number density distribution of face-centered cubic
atoms along the Y position for the 15-nm-thick and 30-nm-thick
samples. The two samples demonstrate similar evolution despite the
very different thickness.

FIG. 15. Averaged (a) surface hardness and (b) friction coefficient
as a function of the number of sliding cycles, under two applied
normal loads. Both properties tend to saturate to constant values after
approximately six cycles.

the only noticeable variation being an increase in noise of the
thinner sample, likely due to reduced statistics from the smaller
number of atoms measured at a given Y position. Since the
structural evolution in both the thin and thick samples develops
in a consistent way, the observations of structural evolution do
not appear to be related to limited sample thickness but rather
show an intrinsic behavior of this nanocrystalline material.

It is expected that the mechanical properties of the sample
surface will change as structural evolution occurs, especially
those that are closely related to wear properties such as hard-
ness and friction coefficient. To measure hardness, the contact
area of the indenter with the sample was first calculated as the
area on the cylindrical indenter surface that has neighboring
atoms within a distance of 0.1 nm. The hardness at this
position was then calculated by dividing the normal load by the
projected contact area on the plane perpendicular to the Y axis.
The hardness during a sliding cycle is measured by averaging
the instantaneous hardness, taken at sliding displacement
increments of 0.2 nm. Figure 15(a) shows the surface hardness
at two loads as a function of the number of sliding cycles.
The hardness generally increases with increasing number of
sliding cycles, eventually saturating to a constant value of
∼6.5 GPa. This wear-induced surface hardening is consistent
with coarsening near the sample surface, as inverse Hall-Petch
behavior is expected for Cu with average grain sizes below
∼11 nm [45]. During the sliding process, high-energy random
grain boundaries on the sample top are gradually replaced
by low-energy coherent twin boundaries, which may also
contribute to hardening [46]. The correlation between hardness
and evolved surface grain size is consistent with the hardness
dependence at small grain sizes shown by Li and Szlufarska
[19], most likely because grain boundary activities are involved
in sliding in both simulations. The friction coefficient was also
calculated by dividing the frictional force with the normal
load, with measurements again averaged over each sliding
cycle. We do not include friction data from the first cycle,
because the friction force is zero at the very beginning and
gradually increases with sliding distance at the beginning of the
sliding process. Figure 15(b) shows that the friction coefficient
decreases with increasing number of sliding cycles for both
applied normal loads and tends to saturate to a constant value
as well, inversely proportional to the hardness trend. Under
a constant normal load, an increase in hardness leads to a
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FIG. 16. Sample snapshots after eight wear cycles under normal
loads of 481 and 513 nN. Each grain is identified with the GTA
and colored according to the smallest relative angle between a 〈111〉
grain axis and the global Y axis. No preferred texture is found near
the surface.

decrease in contact area between the indenter and the sample
surface, which in turn decreases the friction coefficient. It is
worth noting that the interaction between the indenter and
surface atoms is purely repulsive and thus adhesion-free. The
friction force thus comes only from the interaction between
the indenter and the atoms ahead, with atoms right below and
behind the indenter contribute nothing to the force. A higher
normal load pushes deeper into the material and puts more
atoms in front of the moving indenter, resulting in higher lateral
force in the moving direction. Friction coefficient will increase
when the increase of the resultant lateral force outpaces the
change to the applied normal force, which explains why
the friction coefficient at 513 nN is always higher than that
at 481 nN, even though the hardness at the two loads is
nearly identical. This wear scenario is similar to the abrasive
wear that dominates when a hard surface slides on a softer
surface. Despite the lack of adhesion, the correlation of friction
coefficient with both surface grain size and applied normal
load is consistent with the results shown by Li and Szlufarska
[19], who did include adhesion in their simulations. This
suggests that abrasive wear dominates the sliding when a
large amount of plowed material piles up in front of the
indenter.

Both grain coarsening and the formation of low-energy
twin boundaries suggest that plasticity is working to lower
the energy state of the system. One may also wonder whether
grains on top of the sample will preferentially align so that
the {111} atomic planes are the surface, since this plane has
the lowest surface energy. To test this hypothesis, atomic
configurations after eight sliding cycles at a normal load of 481
and 513 nN were plotted in Fig. 16, with each grain colored
according to the lowest relative angle between all 〈111〉 axes

of this grain with the global Y axis or surface normal. In other
words, a grain with a zero relative angle would have a {111}
plane aligned perfectly with the Y axis. Figure 16 shows that,
while some surface grains have orientations close to {111},
many other do not have such an orientation. Therefore, we find
that surface energy is not a dominant driving force for evolution
to a lower energy state, a finding consistent with experimental
observations that grains show no texture in evolved layers
from wear experiments [9]. This observation is different from
what was observed by Romero et al., where a preferential
orientation of coarsened grains did manifest near the contact
interface [21]. This difference can perhaps be associated with
the different simulation setups, with our setup more closely
matching experimental conditions and therefore reproducing
the lack of texture from experiment.

IV. CONCLUSIONS

In this work, the wear-driven structural evolution of
nanocrystalline metals was studied as a function of sliding
cycle and applied load using molecular dynamics simulations
and quantitative analysis was performed with the Grain
Tracking Algorithm. The normal load of the sliding indenter,
instead of its surface displacement, is kept constant to better
mimic experimental conditions. Our results show that localized
plastic deformation occurs around the indenter, with partial
dislocations and deformation twinning dominating plasticity.
Grain growth also occurs near the contact surface, first forming
a gradient structure and then saturating to a distinct layer of
coarsened grains. Higher applied normal loads promote faster
grain growth, although the material that has evolved can be
removed by abrasive wear if the normal load is too high.
Structural evolution at the sample surface leads to an increase
in surface hardness and a decrease in friction coefficient.
Although the imposed stress by the scratching indenter tends
to push the system into the lowest potential energy state with
fewer grains and more twin boundaries, we did not observe a
preferred texture in the surface grains. As a whole, this work
improves the mechanistic understanding of nanocrystalline
wear, while also providing a methodology for simulating
sliding wear in a way that can more readily be compared to
experiments.
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