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a b s t r a c t 

Grain boundary-based mechanisms are known to control the plastic deformation and failure of nanocrystalline 

metals, with manipulation of the boundary structure a promising path for tuning this response. In this study, 

the role of interfacial structural disorder on plasticity and failure of nanocrystalline Cu-Zr alloys is investigated 

with in situ scanning electron microscopy tensile deformation experiments. Two model materials are created, one 

with only the typical ordered grain boundaries and another with amorphous intergranular films interspersed into 

the boundary network, while the microstructures are otherwise identical. Hence, the importance of complexion 

type on plasticity and failure is isolated by only varying complexion structure. The tensile experiments show 

that failure of the samples containing amorphous films is significantly retarded, as evidenced by an increase 

in the cross-sectional area reduction, a decrease in the occurrence of shear-dominated failure, a decrease in 

strain localization, and fracture surfaces with more elongated dimple features. As a whole, this study provides 

direct evidence that structural disorder at the grain boundaries can be beneficial for improving the ductility of 

nanocrystalline metals. 
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. Introduction 

Grain size refinement is a powerful approach for increasing the

trength of metals and alloys for use in structural applications. As grain

izes are reduced to the nanoscale regime ( < 100 nm), metallic systems

ndergo a shift in the dominant deformation mechanisms which con-

rol plasticity. In coarse-grained metals, plastic deformation primarily

ccurs by intragranular dislocation slip, but as grain size is reduced the

oundaries themselves take on an increasingly active role in deforma-

ion. In the case of nanocrystalline metals, grain boundaries participate

n plasticity by the emission and absorption of dislocations or by atomic

huffling to accommodate grain boundary sliding. With regards to en-

ineering performance, the activation of these new mechanisms come

ith benefits such as greatly enhanced strength [ 1 , 2 ], hardness [3] ,

ear [ 4 , 5 ], and fatigue resistance [6] of nanocrystalline metals over

oarse-grained systems. 

A primary barrier for the practical usage of these ultra-strong

anocrystalline metals and alloys is the typical loss of tensile ductility

hat often accompanies grain refinement [7] . Reports of tensile ductility

n nanocrystalline metals and alloys are typically greatly reduced com-

ared to coarse-grained metals, with low values of strain-to-failure be-

ow 2-3% often found in the literature for face centered cubic metals [3] .

ome studies in the literature have suggested that these reduced ductil-

ty values can be exacerbated by extrinsic factors such as the existence
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f processing flaws or non-standardized test geometries [ 7 , 8 ]. However,

uch extrinsic effects do not cause this reduced ductility directly, as

anocrystalline metals exhibit plastic flow and are not truly brittle mate-

ials [9] , but instead only act to expose the major pre-existing weakness

f nanocrystalline metals: a heightened propensity for localized plastic de-

ormation and premature failure . The inability of nanoscale grains to accu-

ulate intra-grain dislocation density results in a low strain-hardening

apacity, but also means that dislocations must be absorbed at the oppo-

ite grain boundary once they have traversed the grain interior. Bitzek

t al. [10] demonstrated that dislocation absorption can be a precursor

o damage nucleation, with the local grain boundary stress and struc-

ure altered after the absorption event during molecular dynamics sim-

lations. This prediction is consistent with the in situ transmission elec-

ron microscopy (TEM) deformation experiments of Kumar et al. [11] on

anocrystalline Ni, where internal cracks were found to nucleate at such

rain boundary sites. Pan and Rupert [12] isolated the mechanism of re-

eated dislocation absorption at a grain boundary, indeed finding that

racks can nucleate when the local strain brought by the dislocations is

ot accommodated in an efficient manner. Some nanocrystalline met-

ls, specifically those with grain sizes of only a few nanometers, exhibit

hear localization reminiscent of the behavior of metallic glasses in the

orm of shear banding (see, e.g., [ 13 –15 ]), while other reports of strain

ocalization and crack nucleation/growth are tied to unaccommodated

rain boundary sliding [16] . 
d. 
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Table 1 

XRD volume fractions and grain sizes for the primary face centered 

cubic Cu-rich phase, as well as impurity oxide and carbide phases. 
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The common thread of all of the above discussion is the isolation

f the grain boundary region as a site for damage nucleation, suggest-

ng that boundary state is critical to damage tolerance. In fact, the local

tructure and chemistry of grain boundaries has been found to have a

ramatic influence on dislocation-boundary interactions and the subse-

uent damage nucleation. For this reason, grain boundary engineering,

here certain types of boundaries are preferentially introduced into the

rain boundary network, has been a useful tool for increasing the tough-

ess of advanced metallic materials (see, e.g., Bechtle et al. [17] ). As

n extension of the idea that boundary structure can impact damage

reation, amorphous intergranular films (AIFs) were found to be better

ble to accommodate repeated dislocation absorption as compared to

rdered grain boundaries (OGBs) [18] , delaying crack nucleation and

lso slowing crack propagation. These authors showed that shear trans-

ormation zone activation within the structurally disordered boundary

ould cause the incoming strain to be accommodated over a larger vol-

me within an AIF. Micropillar compression and micropillar bending

xperiments by Khalajhedayati et al. [19] provided direct validation of

his concept, with AIF-containing Cu-Zr alloys exhibiting homogeneous

eformation and increased bending ductility when compared to similar

lloys with only OGBs. Subsequent experiments on nanocrystalline Al al-

oy films [20] , nanostructured high-entropy nanocomposites [21] , and

uperlattice alloys [22] have provided additional evidence that struc-

ural disorder at the grain boundary can in fact be beneficial to me-

hanical damage resistance, a concept introduced in Ref. [18] . AIFs and

GBs can be thought of as different thermodynamically-distinct grain

oundary states or complexions [ 23 , 24 ], in this case notably different in

he level of structural order, giving a design variable that can potentially

e used to tune the failure response of nanocrystalline metals. 

Although AIFs have been identified as beneficial interfacial struc-

ures, their impact on failure and strain localization during tensile load-

ng has not been isolated to date. In this study, we perform in situ

canning electron microscopy (SEM) tensile testing of two nanocrys-

alline Cu-Zr alloys, one with and one without AIFs, where all other mi-

rostructural descriptors (chemical composition, grain size, texture, sec-

nd phase precipitation, etc.) are kept constant. We find that the addi-

ion of AIFs significantly alters the tensile failure mode of the nanocrys-

alline alloys. Comparisons of the mechanical behavior of the two ma-

erials reveal a slight increase in the yield and ultimate tensile strength,

ut more importantly a substantial increase in the ductility as measured

y cross-sectional area-reduction. Investigation of the fracture surfaces

emonstrates higher levels of local plastic flow in AIF-containing sam-

les, and a resistance to localized failure through shearing modes based

n measurements of fracture plane angle. Evaluation of the spatial distri-

ution of strain along the tensile samples provides additional evidence

hat the sample containing AIFs deforms more homogeneously and is

ore damage tolerant. As a whole, this work strongly supports the con-

lusions that grain boundary structure can be used as a tool to control

echanical failure, with amorphous complexions serving to ductilize

anocrystalline metals. 

. Materials and methods 

Nanocrystalline Cu-Zr alloy powders were fabricated by high energy

all-milling in a SPEX SamplePrep 8000M mill using hardened steel

illing media with a 10:1 ball-to-powder ratio under an inert atmo-

phere (99.99% pure Ar). High purity elemental Cu (Alfa Aesar, 99.99%,

170 + 400 mesh) and Zr (Micron Metals, 99.7%, -50 mesh) powders

ere milled in the presence of 1 wt.% stearic acid, which is used as a

rocessing control agent to reduce cold-welding. Powders were milled

or 10 h to refine the grain size into the nanocrystalline regime and in-

uce mixing of the alloy component elements into a solid solution, face

entered cubic phase. The resulting as-milled powders were split into

wo batches and encapsulated in quartz tubes under vacuum to prevent

xidation during the following 1 h anneal performed at 950°C (~98%

f the melting temperature of Cu-3 at.% Zr [25] ). This annealing treat-
2 
ent encourages segregation of the Zr dopants to the grain boundaries

nd generates Zr-doped pre-melted regions with amorphous structure at

ome grain boundaries [ 19 , 26 ]. After annealing, one set of powder sam-

les was rapidly quenched by dropping directly from the furnace into

 water bath, which serves to freeze in the amorphous boundary struc-

ures for further testing. This specimen contains AIFs interspersed within

he grain boundary network, so we refer to this sample as the AIF sam-

le for the remainder of the paper. In contrast, another set of powders

as slowly cooled to room temperature after the annealing treatment,

llowing the boundary region to crystallize and return to the typical

rain boundary structure. Since this sample contains only ordered grain

oundaries, we hereafter refer to this set of powders as the OGB sam-

le . By controlling the cooling procedure alone, two model materials

hich only vary in terms of grain boundary structure are synthesized, as

he dopant segregation states and microstructural descriptors (average

rain size, grain size distribution, impurity phase fraction, processing

aws, and impurities) are constant, which allows for a direct compar-

son of the mechanical behavior of the two materials based on their

rain boundary structures alone. Additional details on the processing

nd characterization of these powders have been described previously

n Refs. [ 19 , 26 , 27 ], while the application of these types of powder sam-

les for the fabrication of bulk nanocrystalline metals is outlined in Ref.

28] . 

The structure and chemical composition of the Cu-Zr powders were

haracterized by X-ray diffraction (XRD), as well as TEM and scanning

EM (STEM) techniques. XRD was performed on a Rigaku SmartLab X-

ay diffractometer, operated at 40 kV and 44 mA with Cu K 𝛼 radiation

nd a 1D D/teX Ultra 250 detector, to identify secondary phases, sec-

ndary phase volume fractions, and average sizes ( Fig. 1 (a) and Table 1 ).

he average grain size of the Cu-rich face centered cubic matrix phase

as ~70 nm, while impurity phases with mean grain sizes of ~60-90 nm

ere also identified. These second phases were found in relatively small

mounts, with < 0.6 vol.% for ZrO 2 and < 2.3 vol.% for ZrC. Importantly,

he size and fraction of these second phases did not vary significantly

etween the two sample sets. TEM lamellae were prepared using an FEI

uanta 3D dual-beam focused ion beam (FIB)/SEM, following estab-

ished TEM sample preparation procedures [29] . TEM inspection was

erformed on a JEOL-2800 operated at 200 kV. Bright field (BF)-STEM

as used to confirm the nanocrystalline grain sizes of the Cu matrix

hases ( Fig. 1 (d)), while high-angle annular dark-field (HAADF)-STEM

mages were collected simultaneously to ensure that Zr-rich secondary

hases were not mistaken for Cu grains during grain size determina-

ion ( Fig. 1 (b) and (c)). Energy-dispersive X-ray spectroscopy (EDS) was

erformed on an FEI-Magellan 400 SEM to measure the average Zr con-

entration (3.43 ± 0.08 at.% Zr) and to investigate fracture surfaces us-

ng a 5 kV electron beam and in-lens detector with the immersion lens

ctivated. 

Micro-tensile samples were prepared on an FEI Quanta 3D Dual-

eam FIB/SEM using a semi-automated FIB lathe milling approach first

eveloped by Uchic and Dimiduk [30] . Although this approach is some-

hat time-intensive, it allows for a superior level of control over sample

eometry and the creation of taper-free specimens to ensure that a ho-

ogeneous deformation is applied [31] . It is also the only method that

elivers a cylindrical gauge section in situations where thin-film pattern-
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Fig. 1. ( a) XRD profiles from OGB and AIF samples of nanocrystalline Cu-Zr. The primary phase present is a Cu-rich face centered cubic structure, while small 

amounts of oxide and carbide impurity phases (ZrO 2 and ZrC) are also present. STEM-HAADF images show a similar size and distribution of impurity phases in both 

(b) OGB and (c) AIF samples. (d) Typical grain structure of the Cu-Zr powders, as viewed in BF-STEM imaging mode. (e) High resolution TEM image of an AIF in 

the quenched Cu-Zr sample. 

Fig. 2. (a) A protective Pt cap (black arrow) is deposited on a Cu-Zr powder particle embedded in a graphite/epoxy mixture with the top and side surfaces exposed. 

(b) A high current (65 nA) annular milling step creates the rough pillar shape, followed by (c) a lower current (7–15 nA) annular milling step which increases the 

pillar aspect ratio and refines the pillar shape. (d) The pillar is viewed from the side and the Pt cap is leveled (black box) to prepare the Pt surface to create a fiducial 

mark for pattern matching. Pillar taper and asymmetry is removed during the first pass of lathe-milling (red box), (e) The pillar is shaped into a tensile specimen 

during the second pass of lathe milling, as demonstrated through the ion-beam view of the pillar at multiple rotation angles. (f) The tensile shape is refined during 

the penultimate pass and (g) the final pass provides a final surface polish. (For interpretation of the references to color in this figure legend, the reader is referred to 

the web version of this article.) 
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ng approaches cannot be used, such as the testing on individual powder

articles performed here. The Cu-Zr powders were first embedded in a

raphite-filled epoxy on an SEM stub, and then mechanically polished

o expose both the top and side surface of powder particles ( Fig. 2 (a)).

 3–5 𝜇m thick Pt cap is ion beam deposited onto the surface to protect

he underlying material during the milling steps to follow. A rough mi-

ropillar shape is first formed by removing an annulus of material to a

epth of ~30 𝜇m, first at a high milling current of 50–65 nA ( Fig. 2 (b))

nd then at a lower milling current of 7–15 nA as the inner annulus

iameter approaches the Pt cap ( Fig. 2 (c)). The sample is then viewed
3 
rom the side and the Pt cap is removed with the FIB to create a flat

urface ( Fig. 2 (d), black box). A circular fiducial mark, chosen for its

otational symmetry, is then milled at 0.1 nA onto the top surface to

acilitate automated pattern matching, as the sample is incrementally

otated and repositioned throughout the lathe milling process. 

To begin the lathe milling process, the SEM stage is tilted to -8° with

espect to the sample surface so the ion beam can impact the long axis

f the pillar at 60° (as near to perpendicular as possible under instru-

ent constraints). The stage is then rotated and pillar side is milled

very 10–20°, re-centering the pillar by pattern matching and centering
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Fig. 3. (a) A Cu-Zr powder particle embedded in the stiff epoxy matrix that has been shaped into a micron-scaled tensile sample, while a tensile grip is fashioned 

from the nanomechanical testing system force sensor head using FIB. (b) Two electron-beam deposited Pt markers are used to track the global strain on the smaller 

diameter sample set. (c) Nine Pt markers are used to track both global and local strains on the larger diameter sample set. 
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fi  

u  

t  

a  

s  
f the fiducial marker before initiating milling at each step. A single

ass of lathe milling implies the sample has been rotated through a full

60° rotation and the micro-tensile specimen preparation can usually

e achieved in four or five passes of lathe-milling, depending on the de-

ired level of shape refinement and surface polish. In the first pass, a

ectangular milling pattern is used to remove any taper along the pillar

ide ( Fig. 2 (d), red box), which allows for more predictable milling be-

avior in the sample-shaping passes to follow. In the second pass, the

ogbone shape is created with a trapezoidal mill pattern at a current

f 3–5 nA, with ion beam images at multiple rotation angles shown in

ig. 2 (e). The next to last pass refines the dogbone shape, correcting for

ny asymmetry and surface roughness left from the previous steps us-

ng a reduced milling current (0.5–1 nA) and a smaller milling area for

ore controlled shaping ( Fig. 2 (f)). The final pass polishes the surface

f the gauge section to remove any surface roughness, and is usually

erformed at a current of 0.1 nA or below. An example of a finished

icro-tensile specimen can be seen in Fig. 2 (g). 

A FemtoTools nanomechancial testing system (model FT-NMT03,

emtoTools, Buchs, Switzerland) was used to conduct micro-tension

ests under SEM observation. A 50 × 50 μm 

2 flat Si MEMS-based micro-

orce sensor head (model FT-S200’000) was milled into a micro-tensile

rip using the FIB ( Fig. 3 (a)). The angles and dimensions of the grip

ere chosen to match the micro-tensile samples as closely as possible

o provide maximum contact area between the grip and the test piece.

uring the experiments, the displacement of the tensile grip was con-

rolled with a sub-nanometer resolution piezo-based actuation system.

ll micro-tensile tests were conducted in displacement-controlled mode

t a nominal strain rate of 10 − 3 s − 1 and at room-temperature. Actual

train rates varied slightly during tension testing due to the nonlin-

ar compliance of the testing system under tension in the initial stages

f loading. To improve the resolution and reliability of strain calcula-

ions, measurements directly on the gauge section were made through

rame-by-frame tracking of electron-beam deposited Pt gauge markers

 Fig. 3 (b) and (c)). The temporal resolution of these strain measure-

ents was limited to 2 Hz, based on the fastest SEM frame acquisition

ate available in the FEI software for video recording. The spatial resolu-

ion of marker position measurements was controlled by a combination

f pixel size of the acquired frame, Pt marker size (estimated to be be-

ween 30-80 nm across experiments), and fidelity of the Pt marker atop

he dynamically deforming background of the tensile surface. The en-

ineering strain across the gauge section was extracted using a custom

ATLAB© script designed to locate the position of Pt markers based

n the maximum pixel intensity integrated along the marker’s length,
4 
erpendicular to the tensile axis. Error in Pt marker position in the lat-

er part of tests is primarily due to breakdown of the Pt marker due

o extensive deformation, which creates offsets in its average position.

mage drift was assessed to be below the spatial detection limit for all

ests conducted. A simplified version of the tensile sample fabrication

nd mechanical testing can be found in Supplementary Video 1. 

Two types of tensile samples were fabricated: (1) a smaller diameter

 D ) set (eight samples, D = 1.9–4 μm) with two gauge markers to track

lobal strain ( Fig. 3 (b)), and (2) a larger diameter set (four samples,

 = 4.7–5.6 μm) with nine gauge markers along the length to track both

lobal and local strains ( Fig. 3 (c)). It is important to note that all pillar

iameters were much larger than the grain size of the nanocrystalline

lloy being studied in an attempt to avoid external size effects on the

easured mechanical properties [ 32 , 33 ]. The larger diameter sample

et was fabricated with the goal of reducing the potential impact of sur-

ace flaws on the reproducibility of strain-to-failure values [8] , as well

s minimizing any potential impact of Ga + ion surface penetration on

he mechanical behavior by increasing the volume-to-surface area ra-

io. In addition, the larger sample geometry made it possible to deposit

ore markers along the gauge length to enable local strain measure-

ents. The micro-tensile sample aspect ratios were between 3 and 5 for

ll specimens tested in this study. 

. Results and discussion 

Stress-strain curves collected by the in situ micro-tensile testing ex-

eriments were first collected for five OGB samples and seven AIF sam-

les. Overall sample strain, or global strain, is measured from the two

utermost markers on the gauge section, providing an averaged strain

easurement from the entire sample gauge section. Representative ex-

mples of the stress-strain behavior for each sample type are presented

n Fig. 4 . The morphological evolution of the gauge sections as the sam-

les begin to yield and then progress to failure are shown in a series

f SEM images, with the corresponding points on the stress-strain curve

abeled. Fig. 4 (b)–(f) show that after the OGB sample achieves its ulti-

ate tensile strength, further plastic deformation is no longer homoge-

eous and becomes localized along a shear plane (Supplementary Video

). Shear off-sets can be seen on opposite sides of the sample surface,

rst becoming apparent in Fig. 4 (d). At this point, the sample contin-

es to hold load, and further displacement of the piezo-stage causes the

op and bottom sections of the test piece to slide with respect to one

nother along the shear plane until they disconnect. Interestingly, the

hear failure plane appears to connect two small surface pores on oppo-
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Fig. 4. Stress-strain curves of (a) an OGB sample and (g) an AIF sample, with letter labels indicating the corresponding SEM image to the right. Parts (b) and (h) 

show the undeformed geometries, (c) and (i) show the sample state at maximum uniform elongation (strain at ultimate tensile stress), and (d)–(f) and (j)–(l) show 

the progression of failure in each sample either by shear-dominated failure for the OGB sample or by diffuse necking for the AIF sample. 
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ite sides of the gauge diameter, demonstrating that OGB samples are

ighly sensitive to such defects. In contrast, the plastic flow after the

ltimate strength in the AIF sample ( Fig. 4 (j)–(l)) manifests as a diffuse

nd symmetrical reduction in the cross-section through classical neck-

ng behavior (Supplementary Video 3). Although some of the samples

xhibit a mixed mode failure behavior where it was difficult to ascribe

ne failure mode or the other, generally the shear-type abrupt failure

ominated in OGB samples while the diffuse and symmetric necking

ehavior dominated in AIF samples. 

The compiled stress-strain curves of all OGB and AIF samples are pre-

ented in Fig. 5 . Both sample types demonstrate relatively high strength

n comparison with pure nanocrystalline Cu with a similar grain size

34] . This enhanced strength is primarily due to Zr dopant segregation to

he grain boundaries, following prior reports of stronger nanocrystalline

lloys compared to pure metals with equivalent grain structures [35] .

he stress-strain curves also display other features common to nanocrys-

alline metals such as minimal strain-hardening and a softening behavior

fter reaching the ultimate strength. This softening can be attributed to

 number of causes, such as a reduction in cross-sectional area at the

eck ( Fig. 4 (h)-(l) for an AIF sample), the formation of a plane of local-

zed shear ( Fig. 4 (b)–(f) for an OGB sample), and/or the reduction of

oad bearing area due to macroscale crack formation and opening (to

e shown later in Fig. 11 for OGB samples). Stress-strain curves were

runcated at the point where there is either a vertical drop in stress of

00 MPa or greater, or when the sample has visibly separated due to

rack opening. 

Fig. 5 (c) summarizes the results from the twelve tensile experiments,

ith the ultimate tensile strength and strain-to-failure reported for each
5 
ample. In this figure, the shaded boxes indicate one standard deviation

rom the average ultimate tensile strength and strain-to-failure values,

hich are indicated by horizontal or vertical lines, respectively. These

verages leave out results from two tensile samples, one from each sam-

le set, with the smallest diameters ( D = 1.86 𝜇m for the OGB sample

nd D = 2.12 𝜇m for the AIF sample), as indicated by open data points

n Fig. 5 (c). It has been well-established that micropillars can exhibit

echanical properties that depend on the external size of the sample

see, e.g., Ref. [36] ). However, this behavior is typically observed in

ingle crystal samples. A micron-sized sample can still be large enough

o contain a representative volume element of material provided the

cale associated with microstructural features is much smaller than the

illar dimensions. For nanocrystalline materials, this means that the av-

rage grain size must be much smaller than the pillar diameter. Gu et al.

33] and Jang and Greer [32] explored this phenomenon as it relates to

pecimen strength in nanocrystalline Pt and Ni-W, respectively, find-

ng that external size effects can be avoided if the pillar diameter are

t least 25–30 times larger than the average grain size. Since the two

hinnest samples were not clearly above this threshold, we have rea-

on to believe that an external size effect could be active. Gu et al.

33] demonstrated a reduction in strength with decreasing pillar diam-

ter that was the result of having a large number of grains exposed to

 free surface when the pillar is very small. In that case, deformation

s proposed to be controlled by grain boundary sliding rather than by

islocation activity due to the relaxed boundary conditions at the pillar

urface. Consistent with these prior reports, our two smallest samples

ad relatively low strengths compared to the rest of the specimens for

 given sample group, providing another signal that an external size ef-
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Fig. 5. Stress-strain curves from (a) five OGB samples and (b) seven AIF samples. (c) Compiled ultimate tensile strength and strain-to-failure values for all samples 

tested in this study. Horizontal and vertical lines indicate the average ultimate tensile strength and strain-to-failure values, respectively, for each sample type. The 

open data points from each set were not included in these calculations as they were too small to rule out external size effects (see detailed discussion in text). Shaded 

boxes outline the regions associated with one standard deviation from the average values. Average ultimate tensile strength was 767 ± 47 MPa for the OGB samples 

and 805 ± 52 MPa for the AIF samples, while average strain-to-failure was 8.0 ± 2.5% for the OGB samples and 7.7 ± 3.2 % for the AIF samples. 

f  

n  

a  

s  

d  

w  

b  

p  

h  

e

 

7  

p  

A  

b  

s  

a  

i  

p  

T  

b  

a  

g  

T  

c  

b

 

t  

3  

s  

p  

T  

s  

e  

d  

s  

H  

h  

t  

p  

p  

a  

t  

c

 

s  

d  

o  

s  

A  

m  

d  

i  

d  

r  

m  

a  

t  

s  

s  

l  

c  

m  

m  

a  

a  

s  

o  

c  

s  

fi  

s  

c  

t  

a

 

t  

e  

d  

i  

T  

a  

r  

d  

(  

r  

w  

g  
ect may be active and this data should be excluded. We also find that

arrow samples, especially those with a greater aspect ratio, are more

ffected by test misalignment. For example, the smallest diameter AIF

ample was observed to undergo a slight lateral bending deformation

ue to misalignment during the experiment. For all of these reasons,

e exclude these two thinnest samples from our subsequent analysis,

ut include them in this figure in the name of transparency and com-

leteness. We note that the specimens shown previously in Fig. 4 both

ad acceptably large pillar diameters to avoid any external size

ffects. 

The average ultimate tensile strength values were calculated to be

67 ± 47 MPa for the OGB samples and 805 ± 52 MPa for the AIF sam-

les, indicating a mild strength enhancement of strength (~5%) for the

IF sample. We reiterate that the grain size, segregation state, and car-

ide size and distribution is the same between the OGB and AIF sample

ets, so this strengthening effect can be attributed to the grain bound-

ry structure. Khalajhedayati et al. [19] also measured a strengthening

ncrement in AIF samples with microcompression testing, so our results

rovide evidence that the strengthening effect is also found in tension.

urlo and Rupert [37] used atomistic simulations to investigate possi-

le mechanistic explanations for such a strengthening effect from AIFs

s compared to OGBs, isolating the pinning of dislocations along the

rain sides during propagation across the crystal as the critical event.

hese authors found that AIFs increase nanocrystalline strength due to a

ombination of local stress variations and local ledges in the boundary,

oth of which act as stronger pinning sites. 

The average strain-to-failure values were nearly the same for the

wo samples, with 8.0 ± 2.5% measured in the OGB sample and 7.7 ±
.2 % in the AIF sample. We note that the specimen with the highest

train-to-failure of 13.2% was an AIF sample, compared with the best

erformer from the OGB samples that had a strain-to-failure of 10.3%.

o understand the plasticity of each sample set more clearly, the fracture

urfaces were inspected in detail. Fig. 6 (a) and (b) show representative

xamples of fracture surfaces from OGB and AIF samples. Both surfaces

isplay dimpling, commonly associated with plastic flow and the intrin-

ic or metallurgical ductility expected of even a nanocrystalline metal.

owever, in the OGB sample, the material drawn around the dimples

as a lower aspect ratio, signaling more limited local flow. Generally,

he OGB samples displayed a more planar failure surface covered in

arabolic dimpling that follows the direction of failure. In contrast, a

revalent feature observed for the AIF fracture surfaces was a complex

nd turbulent topography which did not easily fit to a plane, suggesting

hat a multiaxial stress field associated with plastic rupture and void

oalescence was active in this set of samples. 
6 
The AIF samples appear to be intrinsically more ductile based on in-

pection of the fracture surfaces, yet the strain-to-failure measurements

o not provide conclusive evidence to support one set of samples or an-

ther. To understand this apparent discrepancy, it is necessary to con-

ider if one observation or the other could be flawed for some reason.

s noted by Brooks et al. [8] in their study of the tensile behavior of

illimeter-scale electrodeposited nanocrystalline Ni films, processing

efects such as porosity can result in low reproducibility and reliabil-

ty of strain-to-failure values. For the materials studied here, processing

efects such as pores created during the ball milling process or impu-

ity phases such as oxides and carbides could affect the direct measure-

ent of strain-to-failure values. Fig. 7 (a) shows the fracture surface of

 large diameter sample ( D = 5.6 𝜇m) while Fig. 7 (b) shows the fac-

ure surface of a small diameter sample ( D = 2.8 𝜇m) presented at the

ame magnification, with both images coming from the AIF-containing

ample set. Obvious processing defects are outlined with white dashed

ines. In Fig. 7 (a), the individual processing defects were relatively small

ompared to the sample size, and there is the highly dimpled band of

aterial running diagonal through the cross-section which contains a

uch lower density of defects than the surrounding material. Here, it

ppears that the defect-free region carried the load after crack initiation,

s evidence of extensive plasticity is found in this region. In contrast, the

ample shown in Fig. 7 (b) failed at a low applied strain without signs

f extensive local deformation on the fracture surface, most likely be-

ause it happened to have an extremely large pore in the gauge section,

hown at the top left of the fracture surface. Fig. 7 (c) presents a magni-

ed image of a fracture surface, showing a multi-scale processing defect

tructure where both nanoscale impurity particles and microscale pores

an be observed. Strain-to-failure measurements are extremely sensitive

o these types of processing defects, suggesting that such measurements

re not reliable indicators of ductility for these samples. 

While strain-to-failure is not a reliable representation of ductility in

his study due to processing defects, area reduction is another well-

stablished metric that is regularly used to quantify ductility. The re-

uction in cross-sectional area for all specimens was measured by SEM

nspection of their fracture surfaces, viewed normal to the tensile axis.

wo representative examples of fracture surfaces from each sample type

re shown in Fig. 8 (a)–(d). In these images, the OGB samples show area

eductions of 12% ( Fig. 8 (a)) and 6% ( Fig. 8 (b)), while the AIF samples

emonstrate more obvious neck formation with area reductions of 45%

 Fig. 8 (c)) and 26% ( Fig. 8 (d)). Fig. 8 (e) presents a summary of the area-

eduction across the entire data set, where mean values are indicated

ith solid horizontal lines and standard deviations with shaded rectan-

les. The OGB samples have an average area reduction of 18%, while
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Fig. 6. Fracture surfaces of (a) an OGB sample and (b) an AIF sample taken at 5 kV at an angle of 40°, with both images presented at the same magnification. The 

fracture surfaces of the AIF samples demonstrated more elongated cup-and-cone features, which are most visible in the bottom right of (b). 

Fig. 7. Fracture surfaces from two AIF-containing samples, to demonstrate the effect of processing defects such as pores or impurity phases. In both cases, processing 

defects outlined with dashed white lines act as fracture initiation sites. In (a), the individual defects are small compared to the sample dimensions, so the applied 

load was able to be supported by other material and a reasonably large strain-to-failure was achieved. In (b), a pore that was large relative to the sample size led 

to early failure. (c) Magnified image of a defective region showing the range of defect types and sizes found in fracture surfaces, from nanometer-sized particles to 

micron-sized porous cavities. 
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he AIF samples have an average area reduction of 32%. Based on these

easurements, we can conclude that there is a 44% relative increase

n ductility when AIFs are incorporated into the nanocrystalline grain

oundary network. This difference in ductility can be further shown

y inspecting the gauge sections from the side, or perpendicular to the

ensile axis. The OGB sample presented in Fig. 8 (f), which is the same

pecimen shown in Fig. 8 (b), has little to no shape change in the gauge

ection, with the strain highly localized along a plane tilted with respect

o the tensile axis. In contrast, the AIF sample presented in Fig. 8 (g),

hich is the same specimen shown in Fig. 8 (c), has an obvious necked

egion with a significantly reduced diameter. 

A number of specimens experienced shear banding, or the localiza-

ion of plastic strain into a distinct shear plane. To quantify the ten-

ency to shear band, a planar surface was fitted to the fracture surface

rom a side-view so that the angle with respect to the tensile loading

xis could be measured. Fig. 9 (a) shows an extreme case of shear band

ailure for an OGB sample, with a measured fracture angle of ~45°.
7 
ig. 9 (b) shows a representative example from an AIF sample, where

he fracture plane is closer to horizontal. We note in this figure that

here is a slight incline of the fracture plane with respect to the viewing

irection, which is somewhat difficult to see directly in Fig. 9 (b). The

ngle of the fracture plane was measured to be ~23° after the sample

as removed from the nanomechanical testing system and remounted.

or all samples, the inclination angle of the fracture plane of both the

ase and detached top piece remaining in the grip were measured and

he reported values are the average of these two values. The fracture

ngle measurements are summarized in Fig. 9 (c), indicating that on av-

rage the OGB fracture surfaces have a higher inclination angle with

espect to the tensile axis and are more likely to localize deformation

long a shear band. Shear banding is a common deformation mode of

etallic glasses [ 38 , 39 ], and Trelewicz and Schuh [ 13 , 14 ] showed that

he finest nanocrystalline grain sizes can experience shear banding as

ell. Both simulations [40] and experiments [15] have shown that this

ype of localized deformation can lead to grain growth within the shear
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Fig. 8. OGB sample fracture surfaces with measured area reductions of (a) 12% and (b) 6%, as well as AIF sample fracture surfaces with much larger measured area 

reductions of (c) 45% and (d) 26%. (e) Summary of the cross sectional area reduction for all samples, with average values indicated by solid horizontal lines and 

standard deviations shown by shaded areas. Side views of samples post-failure for the (f) OGB and (g) AIF materials. 

Fig. 9. (a) An OGB sample and (b) an AIF sample after failure displaying shear-dominated and necking failure, respectively. (c) Summary of fracture angle for each 

sample type, as determined by fitting a plane to the fracture surfaces from a side view. The average failure angles (solid horizontal lines) show that OGB samples fail 

at an angle that is steeper than the AIF samples, providing another point of reference between the sample sets. 
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i  
and. Khalajhedayati and Rupert [41] used microcompression to show

hat grain boundary state can affect nanocrystalline shear banding, with

elaxed and structurally ordered boundaries more likely to experience

his failure mode. Our observation that shear banding is at least par-

ially suppressed in the samples with AIFs provides additional support

or the concept that structural disorder at the grain boundaries can be

eneficial for mechanical properties. 

Finally, since our tests are performed in situ, we can investigate the

ocal strain along the sample gauge section during the experiments. Lo-

al strain ( 𝜀 local ) distributions along the tensile axis were tracked for the

our samples (two OGB and two AIF) with nine Pt fiducial markers de-

osited along the gauge section, separating the gauge length into eight

qually spaced segments. Fig. 10 presents the results of this analysis,

here (a)–(d) show in situ SEM images of the gauge sections for each of

he four samples tested at global strains ( 𝜀 global ) of 0.0% (undeformed)

nd 7.2%. The strain value of 7.2% was chosen because it is the highest

lobal strain achieved by the lowest performer of the four, represent-

ng the highest plastic strain that is still comparable across all samples.
8 
 local refers to the local strain across one segment, while 𝜀 local max is the

aximum local strain achieved by each of the eight segments along the

ensile axis at 7.2% global strain. The ratio of 𝜀 local / 𝜀 local max then pro-

ides a normalized metric by which the relative strain distributions can

e compared. Fig. 10 (e)–(h) display this ratio projected onto the de-

ormed sample images via a colored strain map. Fig. 10 (i)–(l) then plot

his same information as strain distribution profiles, where Segment 1

s the left most segment representing the base of the tensile test piece

nd Segment 8 indicates the right most segment, or the top of the ten-

ile test piece. Both OGB samples show that strain is highly localized

o a single segment along the gauge section. The maximum local strain

s at least two times larger than the local strain anywhere else along

he gauge length, while the maximum local strain is five times higher

han the local strain elsewhere for the second OGB sample. In contrast,

he AIF specimens exhibit a more evenly distributed strain profile, with

ighly strained regions found distributed along the gauge length. 

The local strain analysis for these samples is extended to the instant

mmediately prior to failure in Fig. 11 , with the local strain values now
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Fig. 10. (a)–(d) In situ SEM images of undeformed (Row 1) and deformed (Row 2) samples. (e)–(h) Local strain distribution across the gauge section of micro-tensile 

samples at a globally strained state of 7.2%. 𝜀 local is the local strain in each segment, and 𝜀 local max is the maximum local strain in across the entire sample at 7.2% 

global strain, meaning their ratio provides a normalized metric to compare across samples. (i)–(l) The spatial distribution of normalized local strain in each sample. 

Segment 1 is the left most segment (at the base of the tensile test piece) and Segment 8 indicates the right most segment (top of tensile test piece). The OGB samples 

demonstrate strong strain localized to one segment along the gauge section, whereas AIF samples have a more homogeneous and well-distributed strain profile. 

Fig. 11. (a)–(d) In situ SEM images of deformed samples immediately prior to failure. Visible cracking is found in OGB samples while diffuse necking is seen in the 

AIF samples. (e)–(h) Local strain along the tensile axis, demonstrating that plasticity is more homogeneously distributed in the AIF sample. 
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hown in absolute terms. It is apparent that both of the OGB samples

orm visible cracks at either internal or surface flaws before complete

eparation, which results in highly localized strain near the eventual fail-

re point. In contrast, the AIF samples show no signs of crack formation,

ut fail after the formation of a diffuse neck. The two surface flaws on

he specimen shown in Fig. 11 (d) where present in the undeformed con-

guration shown in Fig. 10 (d), proving a level of flaw tolerance for the

IF-containing samples that is not evident in the OGB samples. The re-

uction in strain localization in the AIF sample is again clearly shown by

he spatial distribution of the local strain, which is broad and evenly dis-
9 
ributed in Fig. 11 (g) and (h). As a whole, both Figs. 10 and 11 demon-

trate that the AIF samples have the ability to plastically deform in a

ore homogeneous manner than the OGB samples. 

The localization of plastic strain in pure nanocrystalline metals is

roposed to occur in three main stages [40] . First, local shear strains

oncentrate at grain boundaries under tensile loading prior to the on-

et of inhomogeneous plastic flow. These stress concentrations can oc-

ur due to either inefficient dislocation absorption [12] or when grain

oundary sliding which is frustrated [ 33 , 42 ]. Next, a shear path com-

osed of interconnected and highly strained grain boundaries can form
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cross the sample diameter and becomes a preferential site for further

eformation. Finally, plastic localization to the shear path can be in-

ensified by stress-driven grain coarsening, which further weakens this

egion relative to the bulk. At this stage, the limited strain hardening ca-

ability of nanocrystalline metals leaves them largely defenseless to run-

way plasticity. With continued loading, the shear path either widens

nto a shear band and/or locally weakens the specimen until it is over-

oaded. 

AIFs are effective in mitigating strain localization by actively imped-

ng the formation of localized shear bands at each of these stages. AIFs

uppress the development of the long-range shear strain paths that pre-

ede shear band formation, and they inhibit mechanisms that accelerate

nhomogeneous plastic flow once localization has initiated. The disor-

ered structure and increased thickness of AIFs allows local plastic strain

o be accommodated over a larger volume (i.e., less concentrated) within

he grain boundary region during dislocation absorption [18] . Measure-

ents of the axial strain distribution during the micro-tensile tests con-

ucted here directly demonstrate the ability of AIFs to effectively resist

ocalization of strain on the macroscale. Once a stress concentration is

reated and a crack eventually forms, the AIFs can slow propagation of

he defect through the sample, as seen in Fig. 11 . Atomistic modeling

esults from Pal et al. [43] suggested that AIFs can resist propagation of

oth parallel and perpendicular cracks by blunting the crack tip. In situ

EM fatigue experiments by Schuler et al. [44] provided confirmation

f such crack tip blunting by AIF-containing microstructures, as well as

istribution of plastic activity into a larger region inside the material.

IFs will also dampen localization progression by inhibiting grain coars-

ning that leads to localized softening in the shear path, as amorphous

rain boundary complexions have been observed to have a stabilizing ef-

ect on grain size [ 26 , 45 ]. The enhanced grain size stability observed in

IF containing nanocrystalline binary alloys under thermal treatments

hould be mirrored under mechanical drivers for grain coarsening, as the

undamental principle of reducing the driving force for grain boundary

igration by reducing the grain boundary free energy is the same. 

AIFs represent a tunable microstructural feature as well, as higher

emperature heat treatments give thicker amorphous films [ 46 , 47 ], with

ecent experiments showing that quench rate can also be manipulated to

une the thickness of amorphous complexions in a nanocrystalline grain

tructure [48] . Atomistic modeling studies have shown that an AIF’s

bility to blunt cracks [43] , slow crack propagation [ 18 , 43 ], and absorb

islocations [18] increases with increasing thickness. Therefore, it is

ot only beneficial to have AIFs within a grain boundary network, but

t is also possible to vary the thickness of these complexions to increase

amage tolerance. 

. Summary and conclusions 

In this study, the tensile deformation and failure was investigated

or two Cu-Zr alloys whose only difference is the degree of structural

rdering at the grain boundaries. Differences in deformation behavior

ere assessed through their tensile stress-strain behavior, as well as fea-

ures of the deformed tensile gauge sections and fracture surfaces. Var-

ous metrics are used to demonstrate that nanocrystalline ductility can

e increased by AIFs including area reduction, fracture angle, and the

istribution of strain along the tensile axis during the deformation ex-

eriments. From these analyses, we conclude that: 

• While strain-to-failure measurements are inconclusive due to the ef-

fect of processing defects, a 44% increase in area reduction for the

AIF samples demonstrates improved ductility as compared to the

OGB samples. A greater ability to sustain a diffuse and well-formed

neck under tensile load was observed for the specimens containing

AIFs. 

• AIF samples show an increased resistance to localized, shear-type

failure. In contrast, OGB samples were more likely to experience

catastrophic failure due to shear banding. 
10 
• The local strain distributions, measured in situ during the tensile

experiments, show that AIF samples experience more homogeneous

plastic deformation along the gauge section, eventually failing due

to void formation with fracture surfaces containing evidence of high

levels of local plasticity. In contrast, OGB samples heavily localize

plastic strain. It is hypothesized that the more homogeneous macro-

scopic strain distribution arises from the ability of AIFs to prevent

extreme strain localization at the atomistic scale, at and in the vicin-

ity of grain boundaries. 

As a whole, this study provides direct experimental evidence that

ommon failure processes such as shear banding and crack formation

rising from extreme strain localization in nanocrystalline metals can be

itigated by altering grain boundary structure. Varying this structure,

amely increasing the structural disorder of the boundaries, can change

he way that incoming dislocations interact with grain boundaries and

mprove the ductility of nanocrystalline alloys. 
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