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Abstract

Microcompression testing is used to probe the uniaxial stress–strain response of a nanocrystalline alloy, with an emphasis on explor-
ing how grain size and grain boundary relaxation state impact the complete flow curve and failure behavior. The yield strength, strain
hardening, strain-to-failure and failure mode of nanocrystalline Ni–W films with mean grain sizes of 5, 15 and 90 nm are studied using
taper-free micropillars that are large enough to avoid extrinsic size effects. Strengthening is observed with grain refinement, but
catastrophic failure through strain localization is found as well. Shear banding is found to cause failure, resembling the deformation
of metallic glasses. Finally, we study the influence of grain boundary state by employing heat treatments that relax nonequilibrium
boundary structure but leave grain size unchanged. A pronounced strengthening effect and increased strain localization are observed
after relaxation in the finer grained samples.
� 2013 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords: Nanocrystalline metals; Yield behavior; Compression test; Nickel alloy; Grain boundary relaxation
1. Introduction

Nanocrystalline metals, commonly defined as polycrys-
tals with a mean grain size (d) of less than 100 nm, are
promising structural materials [1], mainly due to reports
of high strength [2,3], fatigue resistance [4,5] and wear resis-
tance [6–8]. When grain size is reduced below �100 nm,
new physical mechanisms begin to carry plastic deforma-
tion. First, there is a shift to plasticity that is controlled
by grain boundary sites acting as sources and sinks for
dislocation activity. Van Swygenhoven et al. [9] used
molecular dynamics simulations to study the deformation
physics of nanocrystalline Al and found that dislocation
nucleation and propagation were limited by activity at
grain boundary sites. Interestingly, they found that these
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dislocations often became pinned at grain boundary ledges
as they moved through the grain, giving the spacing
between boundary pinning points as the characteristic
length scale of the mechanism. This interpretation has been
supported by Huang et al. [10], who showed that experi-
mental data could be well-described by a model that
invokes Orowan-type pinning of dislocations with the
grain size taken as the distance between obstacles. The
behavior of nanocrystalline materials with grain sizes
below �10–20 nm has been attributed to the emergence
of grain boundary sliding and rotation as the dominant
carriers of plastic deformation. Schiøtz et al. [11,12] were
the first to report such a mechanism when they detected
local sliding events during molecular dynamics simulations
of nanocrystalline Cu.

The common feature of the new deformation physics
described above is the increased importance of grain
boundaries as facilitators for plastic deformation. Since
grain boundaries are more abundant and more important
in nanocrystalline systems, increased attention has been
rights reserved.
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focused on studying the atomic structure of these inter-
faces. A number of studies have reported that nanocrystal-
line metals often contain nonequilibrium grain boundaries,
characterized by excess free volume or grain boundary dis-
locations, in their as-prepared state [13,14]. However, this
nonequilibrium structure can be easily relaxed by applying
low temperature heat treatments [13,15], with a more
ordered and connected grain boundary structure found
after relaxation. Perhaps not surprisingly since boundaries
are so important for nanocrystalline plasticity, reports have
shown that mechanical strength is highly dependent on this
grain boundary structural state. Detor and Schuh [16]
showed that grain boundary relaxation resulted in a signif-
icant increase in hardness, even though grain size was
unchanged. Rupert et al. [17] further isolated this effect
through systematic nanoindentation at different grain sizes,
showing that this hardening occurred quickly and was
grain-size-dependent.

The discussion above highlights the fact that novel
deformation physics control plasticity in nanocrystalline
materials and shows that these mechanisms are sensitive
to grain boundary state. However, the vast majority of
studies which probe mechanical behavior systematically
as a function of grain size or grain boundary state rely
on indentation experiments (e.g., Refs. [16–21]). While such
techniques allow for large numbers of tests and only
require small volumes of material, they also only give a sca-
lar measurement of strength. As a result, the community
has very little information about how the novel deforma-
tion mechanisms in nanocrystalline materials impact more
complex behavior, like strain hardening and failure. In
addition, nanoindentation imposes a complex, three-
dimensional stress state, which makes it difficult to connect
with constitutive theories for yielding and also adds
concerns about the effect of a large confining pressure on
plasticity. In order to study strain hardening behavior, full
plastic flow and the failure of nanocrystalline materials in a
straightforward manner, a simple uniaxial tension or com-
pression test is required. However, such testing has to date
been problematic as premature failure can occur for two
main reasons: (1) improper specimen geometry and (2)
processing defects.

Early attempts at uniaxial testing of nanocrystalline
materials largely consisted of creating dog-bone specimens
from thin sheets of nanocrystalline metals (e.g., Refs. [22–
24]). This means that the samples commonly had thick-
nesses that were orders of magnitude smaller than the
in-plane dimensions. Such geometries are problematic, as
they introduce a geometric sample size effect, with strain-
to-failure decreasing as sample thickness decreases [25].
Brooks et al. [26] explored this effect specifically in
nanocrystalline Ni, showing that samples with thicknesses
below �100 lm experienced macroscopically brittle frac-
ture that was not representative of the intrinsic material
response. Zhao et al. [27] showed that by making sample
geometries defined by ASTM Standard E8 [28], the
strain-to-failure becomes independent of thickness, leading
to a recommendation that the comparison of strain-to-fail-
ure measurements of a nanocrystalline material taken from
different tensile test specimen geometries should be done
cautiously.

Another complication that precludes the simple applica-
tion of traditional uniaxial testing techniques to nanocrys-
talline materials is the effect of processing defects. Research
has shown that nanocrystalline materials are commonly
plagued by incomplete consolidation of particles, surface
flaws, sulfur-induced grain boundary embrittlement and
hydrogen pitting, all of which can cause premature failure
[23,29,30]. For example, nanocrystalline Cu [31] and Ni–Fe
[30] showed increased strain-to-failure with improved pro-
cessing chemistry that reduced particulate contamination
and hydrogen pitting. Brooks et al. [26] also showed that
nanocrystalline Ni samples produced by an optimized pro-
cess experienced twice as much plastic strain before failure,
while the samples without this optimization always failed
at large void-like defects produced when hydrogen gas
was trapped in the deposit. Therefore, without having a
proper geometry for mechanical testing and samples that
are free of processing defects, conventional testing methods
cannot provide us with accurate results and an alternative
uniaxial testing technique is needed to adequately probe
the plastic flow and failure response of nanocrystalline
materials.

Recently, microcompression testing has become a prom-
ising and reliable technique that can be used to acquire the
mechanical properties from a small volume of material
[32,33]. Although this testing method is often used to study
the effects of external sample size on mechanical behavior
(e.g., Ref. [34]), such micropillars can actually serve as a
bulk mechanical testing technique if the characteristic
length scale associated with the microstructure of the mate-
rial is much smaller than the pillar size. For a material with
a grain size in the nanometer range, hundreds of thousands
to millions of crystallites will be contained inside a pillar
with a diameter of at least a few microns. For this reason,
we suggest that micropillar compression can be used to
measure the intrinsic properties of nanocrystalline materi-
als. With microcompression, one can use sample aspect
ratios that are small and within the range of ASTM stan-
dards while also minimizing the possibility of processing
voids and defects being trapped in the small volume of
material that is probed.

In this paper, we use uniaxial microcompression testing
to study the full flow curve and failure behavior of a nano-
crystalline alloy, with a specific focus on understanding the
importance of grain size and grain boundary relaxation
state. Nanocrystalline Ni–W was chosen as a model
system, since grain size can be easily manipulated during
electrodeposition, and this system has been studied exten-
sively with nanoindentation [16,35,36]. To the authors’ best
knowledge, this is the first study to systematically explore
uniaxial flow and failure in specimens with grain sizes from
near 100 nm to below 10 nm. By studying this entire range,
we are able to probe the effects of the entire gamut of
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deformation physics that control plastic deformation in
nanocrystalline metals, spanning grain boundary disloca-
tion mechanisms as well as grain boundary sliding and
rotation. Strength, strain hardening, strain-to-failure and
failure mode are tabulated as a function of grain size and
relaxation state. We show that reducing grain size and
relaxing grain boundary structure can change the failure
mode of a nanocrystalline metal from uniform plastic flow
to shear localization. The localized plastic flow that we
observe is reminiscent of shear banding in metallic glass,
providing clear evidence of a connection between the defor-
mation physics of nanocrystalline and amorphous metals.

2. Materials and methods

Nanocrystalline Ni–W alloy samples were created using
pulsed electrodeposition following the work of Detor and
Schuh [36]. In this system, the applied waveform is used
to control the W content in the deposited film and, since
the W exhibits a subtle tendency to segregate to the grain
boundaries, the grain size can be controlled as well. Sam-
ples with mean grain sizes of 5, 15 and 90 nm were depos-
ited onto 99% pure Ni substrates. In order to limit the
impurities in our films, no organic grain refiner such as sac-
charine was used during electrodeposition. After deposi-
tion, samples were divided into two sets: as-deposited and
relaxed. To relax the nonequilibrium grain boundary struc-
ture found in electrodeposited films, the specimens were
annealed at 300 �C for 1 h and then water-quenched, fol-
lowing prior work by Rupert et al. [17]. Such low temper-
ature annealing treatments are aggressive enough to relax
the grain boundaries, but gentle enough that grain growth
is not induced. In light of recent computational [37] and
experimental [38] research connecting grain boundary
chemistry to strength, one could also ask if segregation of
additional solutes to the grain boundaries occurs during
annealing. Fortunately, previous microstructural evolution
studies of nanocrystalline Ni–W [16] have shown that grain
boundary relaxation always precedes other types of struc-
tural evolution (precipitation of second phases, short-range
ordering or segregation), making Ni–W an ideal candidate
for isolating the effects of nonequilibrium grain boundary
structure. All of the samples were polished to submicron
level using diamond suspension solutions. The final thick-
nesses of the films were at least 50 lm after fine polishing.

It is important to reiterate that grain size and composi-
tion are not independent in the Ni–W system. Films with
higher W content will have finer grain sizes, which can
complicate direct comparisons of strength measurements
from different grain sizes. Rupert et al. [39] were able to iso-
late and quantify the strengthening effect of solid solution
W addition to nanocrystalline Ni when grain boundary
dislocations control plasticity, but the authors are not
aware of any study which has isolated solid solution
strengthening when grain boundary sliding dominates.
This means that any trends we observed in measured
strength cannot be attributed solely to grain size, nor can
the relative contribution of grain size and composition be
separated. However, Rupert et al. [39] also found that solid
solution addition does not alter the dominant deformation
physics. Since we are mainly interested in reporting on flow
and failure characteristics in this paper, the three selected
grain sizes can still be used to demonstrate mechanical
behavior when the different deformation mechanisms are
active.

Transmission electron microscopy (TEM) samples were
prepared using the focused ion beam (FIB) in situ lift-out
technique [40] in a Quanta 3D field emission gun (FEG)
dual beam microscope. Lamellae with 10 lm widths and
5 lm heights were cut from each sample, and then thinned
to create an electron-transparent specimen. A voltage of
5 kV was used during the final thinning step to minimize
the thickness of the damaged layer created by the FIB.
The same instrument was used to take scanning electron
microscopy (SEM) images of the pillar before and after
deformation at 5–10 kV. Bright field TEM images were
taken using a FEI/Philips CM-20 TEM microscope operat-
ing at 200 kV. Mean grain sizes were calculated by manu-
ally identifying and tracing individual grains, and then
calculating the equivalent circular diameter for each before
finding an average value. Fig. 1a–c shows the bright field
TEM images of the as-deposited samples, while Fig. 1d
presents cumulative distribution functions of grain size in
each sample. Fig. 1 shows equiaxed grains with a narrow
grain size distribution. X-ray diffraction (XRD) profiles
were obtained using a Rigaku SmartLab X-ray diffractom-
eter with a Cu Ka radiation source operated at 40 kV and
44 mA. The XRD profiles were used to ensure that all of
the specimens were polycrystalline, face-centered cubic
(fcc) solid solutions and to estimate the average grain size
using the Scherrer equation [41] .

Micropillars with average diameters of 7 ± 0.1 lm and
average heights of 15.7 ± 0.3 lm were fabricated with
automated lathe milling using the FIB, following the
method of Uchic and Dimiduk [32]. The pillar aspect ratio
(height/diameter) of 2.2 was chosen to follow microcom-
pression testing guidelines developed by Zhang et al. [42],
in order to avoid plastic buckling. The number of grains
across the diameter of an average pillar is �80 for the larg-
est grain size (d = 90 nm) sample, which is more than
enough to avoid external size effects on strength [43]. To
make sure that the indenter head does not hit the surround-
ing material around the pillar, a crater with a diameter of
�60 lm was first milled using 7–15 nA around the prospec-
tive site. A circular fiducial mark was then milled on the
center of the rough pillar with a 100 pA current, and a
two-step lathe milling process was utilized to create the
final pillar shape. First, a 1 nA current was used to mill
the pillar close to its final shape, and then a final current
of 100 pA was used to create a higher quality surface on
the pillar and to reduce the damage layer from the FIB
[44,45]. The lathe milling method allows taper-free pillars
to be produced, as shown in Fig. 2, so a simple, uniform
stress state can be applied to the nanocrystalline specimens.



Fig. 1. Bright field TEM images of nanocrystalline Ni–W samples with average grain sizes of (a) 90 nm, (b) 15 nm and (c) 5 nm. Grain size measurements
from each sample are presented in a cumulative distribution plot in (d).

Fig. 2. (a) SEM image of a representative pillar that was used for uniaxial microcompression testing. (b) Magnified SEM image of the same pillar, showing
the taper-free geometry.
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An Agilent G200 nanoindenter was used to perform
microcompression testing. The pillars were compressed
using a Berkovich indenter tip truncated to have a flat, tri-
angular surface at the end with an average side length of
31 lm. Although the instrument is an inherently force-con-
trolled indenter, a feedback control loop was implemented
so that the indenter nominally imposes a constant displace-
ment rate. A constant displacement rate of 5 nm s�1 was
applied, resulting in an engineering strain rate of
3.2 � 10�4 s�1 for the samples used here. For each grain
size and grain boundary relaxation state, at least five pillars
were tested to ensure that the results were reproducible.
When using microcompression testing, one must be careful
to correct for the compliance of the base and minimize the
misalignment between the indenter head and the pillar’s
top surface [42,46,47]. Sneddon’s equation of rigid cylindri-
cal flat punch displacement into an elastic half space was
used to exclude the base compliance from our data [46].
Misalignment of the indenter decreases the measured
modulus of the pillar by introducing a bending component
to the deformation [42]. By carefully preparing flat, level
samples and by following the best practices to align the
pillars with the nanoindenter head [32], we are able to limit
the misalignment to less than 1�, as calculated using the
method of Schuster et al. [48].

Engineering stress–strain data were converted to true
stress–stain data by assuming a uniform plastic deformation
and conservation of the volume of pillar. Brandstetter et al.
[49] and Vo et al. [50] both showed that the traditional 0.2%
offset yield strength is not appropriate for nanocrystalline
materials. Therefore, following the work of Brandstetter
et al., yield stress was calculated based on a 0.7% yield strain
offset. Some pillars were unloaded in order to calculate the
modulus of the specimens while others were stopped at
different plastic strains to study the deformation behavior in
the SEM. To compare the results of microcompression with
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standard nanoindentation techniques, a Berkovich tip cali-
brated with standard fused silica was used for the measure-
ment of hardness for each specimen. A constant indentation
strain rate of 0.05 s�1 and at least 30 indentation experiments
were used to find average hardness values.

3. Effect of grain size: as-deposited nanocrystalline Ni–W

We begin by exploring how grain size and therefore the
dominant physical mechanism controlling plasticity affects
the uniaxial deformation of nanocrystalline materials. The
d = 5 nm sample is small enough that grain boundary slid-
ing and rotation are expected to completely control plastic
deformation. The d = 90 nm is near the upper limit of the
nanocrystalline regime and the deformation physics is
expected to be dominated by dislocation activity originat-
ing at and being absorbed by the grain boundaries. The
d = 15 nm is in the critical grain size range mentioned in
the introduction where the shift between these two mecha-
nisms occurs, so some combination of grain boundary
dislocation plasticity and grain boundary sliding/rotation
is expected here. Fig. 3 presents true stress–strain curves
for as-deposited Ni–W specimens with different grain sizes.

The results for the d = 90 nm pillars, presented in
Fig. 3a, are discussed first. There is little variation between
individual sample response and an average yield stress of
1.54 GPa is measured. Immediately after yielding, very lim-
ited strain hardening is observed over a small range of plas-
tic strain. However, the vast majority of the plastic
behavior is characterized by subtle strain softening. The
decrease in flow stress with plastic strain is roughly linear,
with a measured slope �0.45 GPa. The 90 nm grain size
material lies near the upper limit of what is considered
nanocrystalline (d < 100 nm), and a similar strain softening
behavior has been previously observed in ultra-fine grained
Ti [51] and Ni [52]. A possible reason for the observed
decrease in strain hardening ability compared to traditional
metals is the reduction of dislocation sources inside the
grain, and hence the reduction of hardening mechanisms
expected from these activities. Fig. 3a also shows that the
sample with d = 90 nm can sustain large plastic strains
without any signs of failure, even after an applied strain
Fig. 3. True compressive stress–strain curves from as-deposited Ni–W sample
were tested for each grain size, and some pillars were unloaded to calculate
premature flow serrations can be found in a few of the curves from the 5 nm
of >25%. Fig. 4a shows an SEM image of a d = 90 nm
pillar after 30% compressive strain. Plastic deformation
was found to be uniform throughout the sample and no
significant bending of the pillar was observed.

Fig. 3b shows the true stress–strain data for the 15 nm
grain size material, and several aspects of the stress–strain
behavior have changed significantly with grain refinement.
First, the average yield stress has significantly increased to
2.57 GPa. Such an increase in strength with grain refine-
ment mimics reports that rely on nanoindentation results
[17]. The strain hardening behavior during the initial stages
of plastic deformation appears to be similar for the 90 nm
and 15 nm grain sizes; a small amount of strain hardening
is observed immediately after yielding but this behavior is
short-lived. However, the strain softening at larger plastic
strains is much more pronounced and a linear strain soften-
ing slope of �1.95 GPa is measured for this grain size.
Perhaps the most dramatic and unexpected difference in
the mechanical behavior of the d = 15 nm samples is the
observation of sudden failure at true strains of �10–20%.
Fig. 4b shows an SEM image of a d = 15 nm pillar after
failure under compression. The pillar fails through the for-
mation of a major shear band, and the top of the pillar
shears off at an angle. Since the nanoindenter used in this
study is inherently load-controlled, this sudden downward
movement of the indenter cannot be accommodated
quickly enough in the feedback loop, causing a violent
downward motion of the indenter tip that then pushes
the damaged base off to the side. The grain size of this sam-
ple is close to the critical grain size where grain boundary
sliding and rotation begin to carry an appreciable fraction
of plastic strain [53,54], suggesting a causal link between
the emergence of such collective grain boundary mecha-
nisms and strain localization.

Finally, Fig. 3c presents the true stress–strain curves
from the d = 5 nm specimens, showing even more unique
mechanical behavior. These specimens demonstrate what
appears to be an elastic–perfectly plastic response with no
discernible strain hardening and they then fail catastroph-
ically after small plastic strains of only a few percent. The
yield strength increases to 3.0 GPa, but the strain-to-failure
has decreased significantly. No strain hardening or strain
s with (a) d = 90 nm, (b) d = 15 nm and (c) d = 5 nm. At least five pillars
the stiffness of the pillar–substrate system. The inset to (c) shows that

grain size samples.



Fig. 4. SEM images of as-deposited nanocrystalline Ni–W alloy pillars with (a) d = 90 nm and (b) d = 15 nm after uniaxial microcompression. The 90 nm
grain size pillar shows a uniform plastic deformation while the 15 nm grain size pillar fails through strain localization.

Fig. 5. (a) SEM image showing the formation of shear bands immediately after initial yield in as-deposited nanocrystalline Ni–W with d = 5 nm. (b) SEM
image of the same material after complete failure showing catastrophic shear banding. (c) Magnified image of the same pillar showing intersecting shear
bands in more detail.
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softening is observed. While there appears to be increased
scatter in the loading behavior of these samples, it is impor-
tant to point out that four curves almost exactly overlap
and are difficult to differentiate. The curves from the two
samples that appear to be more compliant during loading
(green1 and dark red in Fig. 3c) actually experience strain
jumps that cause an apparent deviation from linear elastic-
ity. These serrations are shown more clearly in the inset to
Fig. 3c. The formation and development of shear banding
can be seen in SEM images taken after uniaxial compres-
sion. Fig. 5a shows a d = 5 nm pillar where the test was
stopped immediately after the initial deviation from linear
elastic loading in the load–displacement curve, showing
that several shear bands have formed along the length of
the pillar. Fig. 5b is a pillar from the same grain size
sample, but it was allowed to fail completely. Catastrophic
failure occurred and secondary shear bands can be seen
crossing the main slip steps. The details of the surface relief
resulting from the shear banding are seen more clearly in
Fig. 5c, which presents an SEM image taken at higher
magnification. We hypothesize that the premature flow
serrations shown in the inset to Fig. 3c are shear bands
which could not fully cross the sample width and lead to
complete failure. As mentioned previously, it is expected
1 For interpretation of color in Fig. 3, the reader is referred to the web
version of this article.
that grain boundary sliding and rotation are the main car-
riers of plastic deformation at d = 5 nm.

Further insight into the failure behavior of our d = 5
and d = 15 nm samples can be found by looking more
closely at the indenter displacement. Fig. 6a presents the
average displacement rate vs. time for representative exam-
ples taken from each grain size. Two major types of
displacement bursts can be identified. For the two finest
grain sizes, the average displacement rate shows a disconti-
nuity corresponding to shear banding and catastrophic
failure of the pillar. Since the system is inherently force-
controlled, the lack of resistance due to sample failure leads
to a rapidly increasing displacement rate. For the largest
grain size, small strain bursts are observed, but the average
displacement rate settles back to the constant target value.
Here, dramatic changes in the slope of the stress–strain
response give rise to the temporary strain bursts. For this
sample, the change in the instantaneous sample stiffness
is simply the result of a shift from elastic loading with a
high slope to plastic flow with a much lower tangent mod-
ulus. After the yield point, while the indenter tries to keep
the displacement rate constant, the feedback loop over-
compensates and several strain bursts appear. The
responses described above can also be seen in the raw
displacement vs. time data presented in Fig. 6b. Shear
banding leads to a rapid, uncontrollable failure of the pillar
and the indenter then slams into the surface, while the



Fig. 6. (a) Average displacement rate of the indenter head during microcompression testing for a representative pillar from each grain size material. The
average displacement rate target is 5 nm s�1. Sudden strain bursts are due either to shear localization or to large changes to the stiffness of the pillar–
substrate system. (b) The raw displacement vs. time data also bear evidence of these strain bursts.
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behavior of the strain bursts in the d = 90 nm sample are
much more controlled.

The strain localization described above for our 5 nm
grain size is qualitatively similar to observations of shear
banding by Trelewicz and Schuh [19] during nanoindenta-
tion studies of nanocrystalline Ni–W with d = 3 nm,
although here we see more clearly how such shear banding
reduces strain-to-failure. Trelewicz and Schuh observed the
formation of shear bands in the pile-up surrounding inden-
tation impressions created with a cube corner indenter tip,
suggesting that the finest nanocrystalline metals deform
through mechanisms that are similar to those that control
metallic glass plasticity. The fundamental unit of plasticity
in a metallic glass is a shear transformation zone (STZ), or
a small collection of atoms that undergoes an inelastic
shear strain. When metallic glasses are deformed at temper-
atures well below their glass transition temperature, STZ
activity leads to free volume accumulation along a distinct
path, causing strain localization in the form of shear band-
ing [55]. Schuster et al. [48,56] studied room temperature
plastic deformation of a Pd-based metallic glass using a
microcompression technique similar to the one used here.
These authors observed features of metallic glass plasticity
that are similar to the behavior of our d = 5 nm Ni–W sam-
ple: (1) serrated flow characterized by displacement bursts,
(2) a lack of any appreciable strain hardening and (3) fail-
ure through shear banding.

Insight into the similarity between the shear banding
observed in the finest nanocrystalline metals and metallic
glasses can be gained by understanding exactly how grain
boundary rotation and sliding are accommodated. Lund
et al. [57] used molecular statics simulations to study nano-
crystalline plasticity and found that these collective
motions result from the local rearrangement of small
groups of atoms within the grain boundaries, a process
similar to the STZs found in metallic glasses. One
important difference is that, while any group of atoms
can participate in such collective rearrangement in a metal-
lic glass since there is no long range order, only the grain
boundary atoms can participate in such motion in a nano-
crystalline system. Since the crystalline grain interiors
cannot participate in STZ-like motion, localization should
still be limited by the connectivity of the interfacial net-
work. However, recent molecular dynamics simulations
from Rupert [58] have shown that a grain boundary perco-
lation path of high strain can be easily formed across a wire
diameter if the grain size is small enough. Once this path is
formed, strain intensifies in this region with progressive
deformation due to the lack of hardening mechanisms.

While a natural comparison between amorphous plastic-
ity and the collective grain boundary plasticity of the very
finest nanocrystalline grain sizes can be made, a more com-
plicated process is needed to describe why the 15 nm grain
size would experience shear banding and strain localization
since grain boundary dislocation plasticity is also impor-
tant for this material. In fact, while Trelewicz and Schuh
[19] saw shear banding during quasi-static nanoindentation
of a 3 nm grain size, they did not observe such behavior for
larger grain sizes. To the best of our knowledge, the results
presented here are the first to show shear banding in a
nanocrystalline fcc metal with a grain size as large as
15 nm. With a grain size this large, a shear band is unlikely
to form entirely through a grain boundary path, but rather
through a combination of boundary and dislocation mech-
anisms. Hasnaoui et al. [59] provided the first evidence of
such a mechanism, when their molecular dynamics simula-
tions of nanocrystalline Ni showed the formation of com-
mon shear planes during uniaxial deformation at elevated
temperatures. They suggested that this shear plane forma-
tion was a cooperative process that included several grains
and could involve three types of mechanisms: migration of
grain boundaries, coalescence of grains with low angle
grain boundaries and intragranular slip that provides con-
tinuation of a shear plane encountering a triple junction.
Sansoz and Dupont [60] also observed the initial formation
of a shear plane during molecular statics simulations of
nanoindentation in nanocrystalline Al. Finally, Rupert
[58] used molecular dynamics simulations of nanocrystal-
line Ni to show more clearly how a localization path
formed by grain boundary and dislocation mechanisms
can thicken and intensify to form a fully developed shear
band. This author observed successive partial dislocation
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emission, leading to deformation twins which extended the
localization path through the grain interior. Rupert also
observed that, while localization paths along grain bound-
aries form quickly during initial stages of plasticity, grains
that must be sheared with grain boundary dislocations can
limit shear band formation. This likely explains why the
15 nm grain size sample experiences a moderate level of
plastic strain before shear banding. Until dislocation mech-
anisms can traverse enough grains to create a percolation
path across the sample width, catastrophic strain localiza-
tion cannot commence.

4. Effect of grain boundary state: Relaxed nanocrystalline

Ni–W

With insight into the importance of grain size, we next
move our attention to understanding how grain boundary
state, specifically the relaxation of nonequilibrium interfa-
cial structure, affects the mechanical properties of
nanocrystalline alloys. XRD and TEM of the annealed
samples showed that the low temperature annealing treat-
ment used for relaxation did not change the grain size.
We began first by looking at the largest grain size sample.
Fig. 7a shows the true compressive stress–strain curves for
the d = 90 nm samples. The yield strength of the material
has slightly increased to 1.7 GPa, or 0.15 GPa more than
the as-deposited case. We again observe two different types
of behavior in the true stress–strain curve after the yield
point. First, a very limited amount of strain hardening is
found immediately after yielding over a range of small
plastic strains. This is followed by a region of roughly lin-
ear softening behavior, but this behavior has become
slightly more pronounced and was measured to have a
slope of �0.63 GPa. Hence, even large nanocrystalline
grain sizes become more prone to strain softening after
grain boundary relaxation. Like its as-deposited counter-
part, this material can still withstand large plastic strains
of up to 25% without failing. SEM images of micropillars
after deformation (not shown here) demonstrate that the
relaxed, d = 90 nm grain size sample still experiences
homogeneous plastic flow.

Fig. 7b shows the true stress–strain behavior of the
d = 15 nm relaxed samples. The average yield stress of
Fig. 7. True compressive stress–strain curves from relaxed Ni–W samples with
tested for each grain size, and some pillars were unloaded to calculate the stiff
the material increased to 3.15 GPa, or increased by
0.57 GPa from the as-deposited state. Hence, grain bound-
ary relaxation has a larger strengthening effect as grain size
is reduced. Rupert et al. [17] suggested that relaxation
reduces the density of grain boundary sources for disloca-
tion emission or nucleation, making it harder to initiate
plastic flow. Alternatively, Van Swygenhoven et al. [9] pro-
posed that dislocation pinning at grain boundary sites
could determine the strength of nanocrystalline metals, so
it is possible that the local structure of the grain boundary
influences this process as well. In this case, a more ordered
(i.e., relaxed) grain boundary would have fewer high energy
sites where local stress variations could aid the applied
stress and keep the dislocation moving, again meaning that
a higher applied stress is needed to initiate macroscopic
plasticity in the sample. The maximum flow stress and yield
stress values do not differ more than the error in the mea-
sured data, indicating that even the limited strain harden-
ing ability seen in the as-deposited sample has vanished.
The value of the strain softening slope has decreased to
�3.2 GPa for the relaxed d = 15 nm sample. Interestingly,
the strain-to-failure of the relaxed sample decreased signif-
icantly compared to the as-deposited sample, with all of the
pillars failing between 5% and 8% strain through shear
banding. Thus, both d = 90 nm and d = 15 nm samples
have a higher tendency to strain soften after relaxation,
but the relaxed d = 15 nm sample also experiences cata-
strophic strain localization at smaller plastic strains when
compared to the as-deposited state. Fig. 8a presents an
SEM image of a d = 15 nm relaxed pillar right as it starts
to fail, showing the formation of a major shear band.

Fig. 7c shows the true stress–strain behavior of the
d = 5 nm relaxed specimens. For this group of specimens,
no appreciable plastic strain was observed before
catastrophic shear banding occurred. Without measurable
plastic strain, we instead report the maximum stress as
our yield strength here. The pillars fail as soon as they
reach a critical stress of 3.4 GPa, meaning strength that
has increased by 0.4 GPa over the as-deposited condition.
While this is appreciable strengthening, it is less than was
observed for the 15 nm grain size, suggesting that relaxa-
tion has the strongest effect on strength at an intermediate
grain size. Nanoindentation work from Rupert et al. [17]
(a) d = 90 nm, (b) d = 15 nm and (c) d = 5 nm. At least five pillars were
ness of the pillar–substrate system.



Fig. 8. SEM images of (a) d = 15 nm and (b) d = 5 nm relaxed samples after testing. After the complete failure of the pillar in (b), the indenter head pushes
the pillar to the side and the impression of the indenter tip is visible.
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reported a trend that was qualitatively similar, but found
that the largest strengthening was observed at d = 6 nm,
near our finest grain size sample here. This apparent
discrepancy can be addressed by directly comparing micro-
compression and nanoindentation measurements for the
samples tested in this study, which we will do shortly.
Fig. 8b shows a d = 5 nm relaxed pillar after the comple-
tion of the compression test, where it is clear that the pillar
failed with a formation of a major shear band. The inden-
ter head continued to travel downward for a few seconds
after failure, causing the impression of the tip which is
visible in the pillar top.

Fig. 9a shows our yield stress data plotted as a function
of grain size for as-deposited and relaxed Ni–W, while
Fig. 9. Mechanical property measurements for nanocrystalline Ni–W
samples, plotted as a function of grain size. Yield stress is shown in (a),
while hardness measurements are presented in (b). For these samples,
relaxation has a maximum effect on yield stress for d = 15 nm, while
hardness shows the largest increase for d = 5 nm.
Fig. 9b presents nanoindentation hardness measurements
taken from the same samples. In each case, the strengthen-
ing we observed with grain refinement does not follow a
strict d�1/2 scaling, signifying a deviation from Hall–Petch
behavior. While compositional changes should also affect
these data, the increase in W content with decreasing grain
size should lead to strengthening, so it cannot be to blame
for the data lying below a Hall–Petch trend in Fig. 9. Both
sets of measurements show that relaxation of nonequilibri-
um grain boundaries leads to significant strengthening, but
the maximum effect occurs at different grain sizes for each
type of measurement. While yield stress demonstrates the
largest improvement at d = 15 nm, hardness increases the
most with relaxation for the 5 nm grain size. However,
we suggest that this is simply an artifact associated with
the nanoindentation technique. The stress–strain curves
from the relaxed d = 5 nm sample show that this material
cannot accommodate appreciable plastic strain before
failing catastrophically through shear banding. However,
during nanoindentation, either the confining pressure
underneath the indenter or the geometry of the indenter
tip can suppress such localization, leading to an anoma-
lously large measurement of the sample’s strength. This
concept can be seen more clearly in Fig. 10, where
Fig. 10. Hardness plotted against yield stress for both as-deposited and
relaxed nanocrystalline Ni–W samples. The straight line is fitted to the first
five data points. The relaxed 5 nm grain size sample does not fall on this
line, suggesting that hardness and yield stress cannot be directly related for
nanocrystalline samples that fail before developing appreciable plastic
strain.
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nanoindentation hardness is plotted vs. yield stress mea-
surements. For all of our as-deposited samples and the
relaxed samples with larger grain sizes (i.e., the specimens
that can sustain at least a few percent plastic strain before
failure), there is a linear correlation between hardness and
yield stress. This is the conceptual idea behind hardness as
a quick and convenient measure of strength: the two quan-
tities should be related in a known manner. However, the
relaxed d = 5 nm sample (i.e., where there is no measurable
plastic strain before failure) clearly deviates from this
behavior, with a strength that is much lower than what
would be predicted from its hardness. For materials where
strain localization occurs before stable plastic flow can be
developed, such as our smallest nanocrystalline grain size
in the relaxed state, hardness trends do not necessarily
mimic trends in true strength measurements.

An important observation is that relaxation of nano-
crystalline grain boundaries makes the 5 and 15 nm grain
sizes more susceptible to shear banding, reducing the
strain-to-failure in both cases. For d = 5 nm, a compari-
son with metallic glass physics can again be useful. Both
experiments [61] and simulations [62] have shown that
metallic glasses with increased short range order deform
through larger, more conspicuous shear bands. A highly
disordered metallic glass has many sites with elevated
local stresses, which can cause small shear bands to nucle-
ate in different regions of the sample and give a macro-
scopic deformation that is more homogeneous. When
there are few local variations in atomic stress due to
structural disorder, the operation of an STZ provides
the largest local stress fluctuation and strongly biases
successive nearby STZ operation, leading to large
catastrophic shear bands. If deformation is accommo-
dated entirely through grain boundary processes in the
5 nm grain size sample and these boundaries locally
deform in a manner that is similar to a glass, a relaxed,
more ordered grain boundary structure would also result
in increased strain localization. For the 15 nm grain size,
increased strain localization likely results from a superpo-
sition of the effect of relaxation on grain boundary
processes and its effect on grain boundary dislocation
mechanisms. As mentioned in Section 1, grain boundaries
act not only as sources of dislocations, but also as sinks
where the defects are reabsorbed into the opposite bound-
ary. A more ordered grain boundary, with fewer local
stress variations and less free volume, should be a less effi-
cient sink for such absorption than the disordered bound-
ary found in the as-deposited materials. Without efficient
reabsorption of the first dislocation that traverses the
grain, a bias for successive nearby dislocation emission
exists within the crystallite, making it easier for the local-
ization path to be created across the grain interior.

The results described here highlight the fact that grain
boundary state is very important for nanocrystalline met-
als. The grain size of a nanocrystalline metal is often
thought of as the structural feature which controls mechan-
ical properties, but we show here that the plastic flow and
failure of nanocrystalline Ni–W samples with the same
grain sizes can be dramatically different depending on their
grain boundary relaxation state. A more ordered boundary
structure gives nanocrystalline metals increased strength,
but also leads to more pronounced strain softening during
the later stages of plastic deformation. In addition, for our
smallest grain size of 5 nm and 15 nm, relaxation of non-
equilibrium grain boundaries reduces strain-to-failure and
promotes shear banding. While an ordered boundary struc-
ture improves strength, this appears to come at the expense
of toughness.

Finally, since grain boundary state has been shown to be
important, it is likely necessary to differentiate between
nanocrystalline materials created by different processing
routes when looking for trends in literature data. Early
studies of nanocrystalline materials often accessed a variety
of grain sizes by taking a very fine grained sample and
annealing it to cause thermal grain growth (see, e.g., Refs.
[63,64]). However, such annealing should also relax non-
equilibrium grain boundary structure, making it difficult
to compare property measurements from, for example, a
40 nm grain size sample that was created by annealing with
those from an as-deposited 40 nm sample. Grain boundary
state should also be important when comparing deposited
nanocrystalline materials with those created by severe plas-
tic deformation. Processing techniques such as ball milling,
high pressure torsion (HPT) and equal channel angular
pressing (ECAP) create nanostructured metals by adding
a great deal of strain energy to the material in order to
drive refinement. Materials created by these methods likely
have grain boundary structures which are even further
from equilibrium than deposited films.

5. Conclusions

Microcompression testing has been used to study the
effects of grain size and grain boundary relaxation state
on plastic flow and failure of nanocrystalline Ni–W. To
our knowledge, this is the first study to systematically
probe the uniaxial stress–strain response of nanocrystalline
metals with microcompression over a range of grain sizes
that spans the entire range of possible deformation mecha-
nisms. Such a technique is extremely advantageous for
probing nanostructured materials, as it avoids the common
geometric and processing artifacts which plague standard
uniaxial testing on these materials. The results presented
here allow the following conclusions to be drawn:

� Grain refinement from d = 90 nm to d = 5 nm causes
yield strength to nearly double, increasing from
1.54 GPa to 3.0 GPa, respectively, although chemistry
also plays a role in this strengthening since W content
increases from �3% to �20%.
� Our largest grain size, d = 90 nm, could be compressed

to >25% true strain without failing. Subtle strain soften-
ing was observed, but deformation remained homoge-
nous in nature throughout the compression experiments.
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� The intermediate grain size of 15 nm, where a combina-
tion of dislocation plasticity and grain boundary plastic-
ity controls deformation, was much stronger as a result
of its finer grain structure, but experienced pronounced
strain softening and then sudden failure through shear
banding at applied true strains of 10–20%.
� Our finest grain size, d = 5 nm, exhibits elastic–perfectly

plastic deformation with no apparent strain hardening
or softening after yield. After plastic strains of only a
few percent, strain localization occurs and these speci-
mens fail through shear banding that resembles the
behavior of metallic glasses.
� Relaxation of nonequilibrium grain structure strength-

ens nanocrystalline metals, but makes our two finest
grain sizes more susceptible to strain localization. For
d = 15 nm, the strain-to-failure is reduced to 5–8%,
while the 5 nm grain size sample shows no appreciable
plastic strain before shear banding causes failure.
� In samples where strain localization leads to failure,

there may not be a direct correlation between nanoin-
dentation hardness and yield stress measurements. For
our relaxed d = 5 nm samples, hardness was artificially
high due to the suppression of shear banding under
the indenter.

Taken as a whole, the results presented here show that
catastrophic strain localization is an issue for nanocrystal-
line metals with small grain sizes. The grain sizes less than
20 nm which are strongest are also the most likely to fail at
small applied strains. This strain localization is also a func-
tion of grain boundary state, with an ordered interfacial
structure promoting shear banding and failure that
resembles metallic glass behavior. While a relaxed grain
boundary state increases strength, it is detrimental to
strain-to-failure.
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