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a b s t r a c t 

Lightweighting of structural materials has proven indispensable in the energy economy, predicated on 

alloy design with high strength-to-weight ratios. Modern aluminum alloys have made great strides in 

ambient temperature performance and are amenable to advanced manufacturing routes such as addi- 

tive manufacturing, but lack elevated temperature robustness where gains in efficiency can be obtained. 

Here, we demonstrate the intentional design of disorder at interfaces, a notion generally associated with 

thermal runaway in traditional materials, in a segregation-engineered ternary nanocrystalline Al–Ni–Ce 

alloy that exhibits exceptional thermal stability and elevated temperature strength. In-situ transmission 

electron microscopy in concert with ultrafast calorimetry and X-ray total scattering point to synergis- 

tic co-segregation of Ce and Ni driving the evolution of amorphous intergranular films separating sub- 

10 nm Al-rich grains, which gives rise to emergent thermal stability. We ascribe this intriguing behavior 

to near-equilibrium interface conditions followed by kinetically sluggish intermetallic precipitation in the 

confined disordered region. The resulting outstanding mechanical performance at high homologous tem- 

peratures lends credence to the efficacy of promoting disorder in alloy design and discovery. 

© 2021 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. 
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. Introduction 

Materials processing strategies to imbue ambient or low tem- 

erature strength to metallic alloys, specifically those that induce 

rain refinement, often come at the expense of high temperature 

erformance, owing to the introduction of copious non-equilibrium 

efects such as grain boundaries that render the material unsta- 

le. This tradeoff is emblematic in nanocrystalline and amorphous 

lloys, which exhibit desirable low temperature mechanical prop- 

rties but are hindered by grain growth [1] and crystallization 

2,3] at moderate temperatures causing the properties of interest 

o vanish. These instabilities have stimulated research effort s in- 

estigating the role of chemistry [4] and processing [5] to mitigate 

hese issues in both classes of materials; their commonality arises 
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rom structural disorder at the abundant interfaces in nanocrystals 

nd throughout the bulk in amorphous materials, suggesting that 

he lack of thermal stability may be intrinsically linked to atomic- 

cale topological disorder. 

The predominance of microstructural runaway in nanocrys- 

alline metals has stimulated recent efforts to mitigate grain 

rowth via binary alloy design that employs thermodynamic and 

inetic strategies for endowing interfaces with thermal stabil- 

ty. Thermodynamic stabilization hinges on the reduction in grain 

oundary energy through the addition of elements with a favorable 

nthalpy of segregation [6,7] , whereas kinetic stabilization occurs 

n systems that exhibit the formation of subtle atomic clusters that 

in the grain boundary, reducing the boundary velocity [ 8–10,94 ]. 

oth frameworks emphasize chemical segregation to grain bound- 

ries and are theoretically and practically beneficial for impart- 

ng microstructural stability in nanocrystalline metals. Compared 

o many pure nanocrystalline metals, which exhibit grain growth 
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elow 30% of their melting point [1,11,12] , these alloying strategies 

ave resulted in the creation of several alloys which exhibit mi- 

rostructural stability at temperatures above 45% of their melting 

oint [ 4,9,10,13–17,95 ], owing to the careful selection of alloying 

dditions. 

Despite these successes, demanding applications require struc- 

ural materials that possess the room temperature strength of 

anocrystalline alloys, allow for operation at increasingly high tem- 

eratures, and circumvent the limited damage tolerance associ- 

ted with solute segregation at ordered grain boundaries [18,19] . 

or instance, current lightweight aluminum alloys utilized in the 

ransportation sector are plagued by their poor strength reten- 

ion at service temperatures [20] , motivating the recent develop- 

ent of aluminum alloys with better thermal stability [ 21–23,96 ]. 

he application of interface-aware alloying to stabilize a nanocrys- 

alline aluminum microstructure to enable high specific strengths 

strength-to-weight ratio) over a wide range of service tempera- 

ures has received little attention, despite unprecedented potential 

ains in energy efficiency [24] . 

In a recent strategy that runs counter to the conventional wis- 

om that disorder is anathema to thermal stability, nanocrystalline 

lloys containing amorphous intergranular films (AIFs) have sur- 

risingly exhibited exceptional thermal stability, retaining their 

anocrystalline microstructures after long durations at tempera- 

ures near their melting point [ 18,25,27 ], indicative of the most 

romising thermal stability exhibited by a nanocrystalline metal to 

ate. While many studies have focused on binary alloys, specifi- 

ally Cu–Zr base alloys, expansion into multicomponent alloying 

28] has demonstrated that higher order alloying strategies may 

urther enhance these desirable properties. Moreover, the presence 

f AIFs in Cu–Zr alloys gives rise to remarkable damage tolerance 

nd ductility without compromising room temperature strength 

29,30] . 

Here, we extend this principle to a lightweight Al-alloy inten- 

ionally alloyed with Ni and Ce based on their proclivity to: co- 

egregate, satisfy glass formability criteria, and exhibit structurally 

isordered interfaces which impart outstanding high temperature 

tability and strength. We present a detailed study using ultra- 

ast calorimetry, in-situ transmission electron microscopy (TEM) 

eating, X-ray total scattering, and high temperature nanoinden- 

ation to uncover the link between the structural evolution of the 

ully continuous AIFs and thermal stability. Exposure to interme- 

iate temperatures drives chemical segregation and structural evo- 

ution of AIFs in the nanocrystalline Al–Ni–Ce alloy, enhancing the 

echanical properties and delaying precipitation of intermetallic 

hases to higher temperatures. This collective behavior renders the 

icrostructure stable above 64% of its melting point and sustains 

he ultrahigh mechanical strength intrinsic to nanocrystalline ma- 

erials to high homologous temperatures. 

. Materials and methods 

Nanocrystalline Al–Ni–Ce samples were synthesized using an 

JA ATC 1800 sputter deposition system as described in Ref. [25] . 

he alloy composition was controlled using confocal DC sputter- 

ng from two, 2-inch diameter sputter targets, of pure Al (99.999% 

urity) and pre-alloyed Al {87} Ni {7} Ce {6} (at.%, 99.95% purity) from 

ngstrom Sciences. Sputtering was performed using a power of 

00 W for the pure Al target and 175 W for the alloyed tar- 

et, resulting in a net deposition rate of 0.27 nm s {-1} . Base pres-

ures prior to each deposition were below 10 −7 Torr. All depo- 

itions were performed using a processing chamber pressure of 

 mTorr Ti-gettered Ar. To promote a nanocrystalline microstruc- 

ure, the targets were shuttered every 36 s for 5 s. 1 μm thick 

amples were deposited on Si (100) wafers for mechanical testing, 

nto soda lime glass wafers for X-ray studies, and on single crystal 
2 
aCl wafers for ultrafast calorimetry. Electron transparent (40 nm) 

amples were deposited onto Cu transmission electron microscopy 

TEM) grids with C support films for scanning transmission elec- 

ron microscopy (STEM) analysis, as well as onto Protochips Fusion 

-chip heating devices with C support films for in-situ STEM heat- 

ng. All STEM experiments were performed using a Thermo Fisher 

alos G2 200X STEM operating at 200 kV. Grain size measurements 

ere performed using dark field TEM images with a small objec- 

ive aperture placed over the {111} and {200} diffraction rings. At 

east 70 grains were measured from each condition investigated. 

Ex-situ annealing studies were performed to set temperatures 

f 200 ◦C, 325 ◦C, and 380 ◦C under vacuum (10 −7 Torr) in the AJA

putter deposition chamber. A heating ramp rate of 0.1 ◦C s {-1} was 

sed to reach the desired temperature, followed by 1 h holds at 

ach set temperature. The heater was then shut off and the system 

llowed to cool slowly under vacuum over the course of 2–3 h. 

Samples deposited on NaCl wafers were submerged in steam 

istilled water to dissolve the NaCl wafer and produce freestanding 

 μm thick films. These were then dried in a desiccator overnight 

nd cut into ≈ 400 μm × 400 μm area pieces and manipulated 

nto a Mettler Toledo UFS Flash Differential Scanning Calorimetry 

DSC) chip using a single hair brush. Silicone oil was used as a 

hermal contact for all data presented here. Samples were heated 

rom 25 ◦C to 425 ◦C and then cooled back to 25 ◦C at heating

ates between 100 and 5000 ◦C s {-1} . As the samples were man- 

ally cut to size, and each experiment was a new sample, the 

asses of all heating runs were slightly different. To account for 

his difference, all heat flow plots have been normalized by the 

agnitude of the precipitation peak for straightforward compari- 

on. 

In-situ TEM heating experiments were performed at a constant 

eating and cooling rate of 0.5 ◦C s {-1} . Samples were heated to 

 set temperature, held at temperature for ≈ 2 min, and subse- 

uently cooled while acquiring bright field (BF), annular dark field 

ADF) and high angle annular dark field (HAADF) STEM images. 

efore and after each heating segment, selected area diffraction 

atterns (SADPs), energy dispersive X-ray spectroscopy (EDS) spec- 

ra, and conventional dark field (DF) TEM images were recorded. 

et-point temperatures of 100 ◦C, 200 ◦C, 325 ◦C, and 380–450 ◦C 

ere chosen in order to compare with ex-situ heating experiments. 

his interrupted heating profile enabled the acquisition of multi- 

le datasets during evolution of the microstructure to provide in- 

ight into both the structural and chemical evolution of the sys- 

em. The dwell time during the heating segments was calibrated 

uch that each image was acquired over 0.5 s. EDS spectral maps of 

0 0 0 × 10 0 0 pixels were collected at room temperature by sum- 

ing at least 60 individual spectral images collected with a 4 μs 

well time per pixel. HAADF-STEM images were simultaneously 

cquired with EDS spectral maps. Chemical profiles were gener- 

ted using Velox (Thermo Fisher Scientific). For the as-deposited 

nd 325 ◦C EDS maps, the data was rebinned to 250 × 250 pix- 

ls (4x reduction) using HyperSpy [31] . The pixel-wise EDS spectra 

ere summed in order to generate spectra with sufficient intensity 

or accurate elemental quantification within each rebinned pixel. 

iffraction patterns of the α-Al {11} Ce 3 [011] zone axis were simu- 

ated using EMsoft [32] and crystal structures of α-Al {11} Ce 3 and 

l {3} Ni were obtained from The Materials Project [33] . 

In order to study the anticipated segregation behavior of the 

i and Ce in an Al matrix, and the corresponding effects on the 

l–Ni–Ce alloy, modified nanocrystalline Monte Carlo (NCMC) sim- 

lations [34–38] were performed on bi-crystal geometries. As dis- 

ussed extensively in Chookajorn and Schuh [34] , Kalidindi et al. 

35] , Kalidindi and Schuh [36] , these simulations employ the use 

f a large lattice, divided into grains with a unique grain ID, effec- 

ively a modified Ising model. Unique bond energies are used to 

ifferentiate the interactions between each chemical species either 
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ithin the grain interior or at a grain boundary. These simulations 

o not incorporate the amorphous structure of the grain bound- 

ries, nor additional complexity such as grain boundary character 

ependence, but are useful in interpreting one aspect of the chem- 

cal segregation observed experimentally. At each step in the simu- 

ation, two atoms of different chemical species are selected at ran- 

om, swapped, and the total energy of the system is recalculated. 

he swaps are accepted according to a conventional Metropolis 

lgorithm. Grain boundary swaps were not incorporated in these 

imulations in order to preserve the bi-crystal. A simulation cell 

ith dimensions 20 × 20 × 5 (FCC unit cells) with a planar grain 

oundary in the + y direction was utilized. The cell was ran- 

omly decorated with Ni and Ce solute atoms in order to achieve 

he desired bulk composition. Two binary compositions, Al 98 Ce 2 
nd Al {98} Ni {2} , and one ternary composition, Al {97} Ni {2} Ce {1} were 

nvestigated. The grain boundary geometry was fixed and peri- 

dic boundary conditions were used, effectively creating a layered 

tructure with two grain boundaries. The system was then equi- 

ibrated at several temperatures over > 6,0 0 0,0 0 0 Monte Carlo 

teps. 

Thin film pair distribution function (PDF) measurements 

39] were performed at the National Synchrotron Light Source- 

I, using beamline 28-ID1 [40] . All measurements were performed 

n transmission geometry with an amorphous silicon-based flat 

anel detector (PerkinElmer) mounted orthogonal to the beam 

ath and centered on the beam. The sample-to-detector distances 

nd tilts of the detector relative to the beam were refined using 

 Nickel powder standard. The wavelength of the incident X-rays 

as 0.16 6 6 Å (74.42 keV). 80 diffraction patterns, all exhibiting 

dentical scattering, were collected for each sample and the two- 

imensional images were then averaged together and radially in- 

egrated, to obtain the one-dimensional diffraction patterns. The 

cattering component from the glass substrate was subtracted from 

he diffraction patterns. The diffraction patterns collected were cor- 

ected for PDF-specific corrections (self-absorption, multiple scat- 

ering and Compton scattering) and converted to atomic PDFs, G(r), 

ver a Q-range of 1–20 Å
−1 

. 

Elevated temperature nanoindentation experiments were per- 

ormed on 1 μm thick samples deposited onto Si using a 

anomechanics InSEM Nanoindenter equipped with a 50 mN load 

ell. Hardness measurements were performed with a diamond 

erkovich tip indenter manufactured by Synton-MDP at an inden- 

ation strain rate of 0.1 s {-1} . The tip area function was calibrated 

n fused silica before all experiments [41] . Each data point was 

cquired from a unique sample which was heated from room tem- 

erature to the specific testing temperature at 10 ◦C min 

−1 , held 

t temperature for 2 h to minimize temperature gradients prior 

o indentation, tested for ≈ 1.5 h, and then cooled to room tem- 

erature at 10 ◦C min 

−1 . No systematic variation in strength was 

bserved during the 1.5 h test time. The reported hardness values 

ere averaged between 180 and 220 nm indentation depth. The 

epth selected for hardness measurements was chosen to optimize 

etween minimal substrate influence, and sufficient penetration to 

inimize geometrical inaccuracies, instabilities and transient be- 

avior of the testing platform. 

. Results and discussion 

.1. Elucidation of thermal stability in nanocrystalline Al–Ni–Ce 

Our alloy design strategy is premised on the use of chemical 

omplexity and the propensity of multiple interface-segregating 

pecies in a multicomponent alloy system [28] . We selected the 

l–Ni–Ce ternary system owing to the synergistic co-segregating 

endencies of Ni and Ce [25] , which will be discussed in greater 

etail in Section 3.2 , and the resulting chemical and structural 
3 
rain boundary configuration that satisfies the classical criteria for 

lass formability [42] and AIF formation [27] . We first examine the 

volution of the microstructure and its role in the thermal stabil- 

ty of nanocrystalline Al–Ni–Ce. Ex-situ annealing experiments per- 

ormed at 200 ◦C–380 ◦C (0.5–0.7 T m 

), ( Fig. 1 a–d) indicate that the

putter deposited Al–Ni–Ce alloy does not exhibit grain growth at 

emperatures of ≈ 325 ◦C (0.64 T m 

) for one hour. HAADF images 

ecorded using identical image acquisition parameters in Fig. 1 b,c 

uggest that grain boundary regions are enriched in Ni and Ce 

t temperatures between 200 ◦C–325 ◦C, consistent with chem- 

cal partitioning in devitrified Al–Ni–Ce alloys [43] . The contrast 

resent in the as-deposited state is primarily diffraction contrast 

25] . After annealing at 380 ◦C, the intermetallic phases Al 3 Ni and 

l {11} Ce 3 precipitate ( Fig. 1 d) and the remaining Al microstruc- 

ure coarsens significantly. To compare the thermal stability of the 

anocrystalline Al–Ni–Ce alloy to other nanocrystalline alloys, we 

efine a grain size retention (GSR) metric as follows: 

SR = 

d 0 
d f 

(1) 

here d 0 is the average initial grain size of the material and d f 
s the average grain size after some thermal exposure. GSR is de- 

ned such that a microstructure that does not exhibit grain growth 

ttains a value of 1, and microstructures that coarsen decrease 

rom 1 to 0. Fig. 1 e presents the GSR extracted from samples pre-

ented in Fig. 1 a–d alongside several thermally stable nanocrys- 

alline alloys from the literature [9,11,12,14–17] , demonstrating the 

emarkable stability of the Al–Ni–Ce alloy. The full grain size dis- 

ributions ( Fig. 2 ) exhibit a narrow spread that does not markedly 

volve during annealing prior to intermetallic precipitation. Abnor- 

al grain growth, which has been reported in nanocrystalline alloy 

ystems containing heterogeneous grain boundary segregation [44] , 

an thus be eliminated as a potential instability mechanism. Liter- 

ture data for various other nanocrystalline alloys was taken from 

he shortest exposures reported, although some instances of longer 

xposures (i.e. Ni-18W, W-20Ti, Cu-10Ta) are included as well. 

The alloys included in Fig. 1 e are representative of several 

lasses of nanocrystalline alloys: pure metals, “stable” alloys, and 

morphous intergranular film (AIF)-containing alloys. Pure met- 

ls exhibit the least resistance to coarsening, experiencing signif- 

cant grain growth at 0.2–0.3 T m 

. “Thermally stable” alloys exhibit 

arkedly higher thermal stability, pushing up to 0.4 –0.5 T m 

prior 

o significant coarsening. These alloys include the highest perform- 

ng nanocrystalline alloys to-date, including W-Ti [4] , Cu-Ta [9,10] , 

nd Ni-W [14] . At the highest homologous temperatures are AIF- 

ontaining alloys, specifically a Cu–Zr nanocrystalline alloy and 

he Al–Ni–Ce alloy [17,29] . These AIF containing alloys exhibit the 

ighest thermal stability of a nanocrystalline metal to date. 

The thermal envelope of microstructural stability and underly- 

ng thermal signatures associated with chemical redistribution and 

ntermetallic precipitation were quantified using ultrafast differen- 

ial scanning calorimetry (DSC). Heat flow traces ( Fig. 3 a) demon- 

trate the presence of two exothermic events, labeled T gb and 

 precip . The event labeled as T gb occurs at temperatures that co- 

ncide with chemical enrichment of grain boundaries in Ni and Ce 

 Fig. 1 b and c), while the second exothermic event (T precip ) occurs 

t temperatures above 325 ◦C and is ascribed to the nucleation 

nd growth of intermetallics (Al {11} Ce 3 and Al 3 Ni). Qualitatively, 

he heat flow traces in Fig. 3 a indicate that the precipitation event 

T precip ) is not strongly dependent upon heating rate, unlike the 

ow temperature exothermic event (T gb ). Kissinger analysis ( Fig. 3 b) 

uggests activation energies of 116 kJ/mol and 413 kJ/mol for the 

xothermic events at T gb and T precip , respectively. The onset tem- 

erature of the grain boundary exothermic event was used for this 

nalysis, as the peaks are not well defined for all heating rates. The 

hoice of using either the onset or peak temperature for the pre- 
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Fig. 1. Ex-situ thermal stability analysis. a–d , HAADF ( a–c ) and BF ( d ) micrographs of samples in the as-deposited condition ( a ), and annealed for one hour at temperatures 

of 200 ◦C, 325 ◦C, and 380 ◦C. Scale bars are 10 nm in a–c and 100 nm in d. b-c exhibit chemical segregation of high mass elements (Ni, Ce) to grain boundaries (bright), 

resulting in Al rich grain interiors (dark); d , provides evidence of intermetallic precipitation and grain growth. Inset is a diffraction pattern shown the presence of Al 3 Ni 

(yellow {101}), Al {11} Ce 3 (green {020} and {103}) and Al (red, {111} and {200}). e , Grain size retention for several thermally stable nanocrystalline alloys, alongside the 

Al–Ni–Ce alloy, as a function of homologous temperature. Data from [9,11,12,14–17] . (For interpretation of the references to color in this figure legend, the reader is referred 

to the web version of this article.) 

Fig. 2. Cumulative grain size distributions measured from dark field TEM experi- 

ments of ex-situ annealed Al–Ni–Ce alloy samples. 
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Fig. 3. Ex-situ differential scanning calorimetry. a DSC heat flows with arrows noting onse

events, respectively. b , Kissinger analysis of the two primary exothermic events noted in a

4 
ipitation event does not significantly alter the deduced activation 

nergies. The activation energy of 116 kJ/mol is consistent with dif- 

usive activity of Al, Ni, or Ce in an FCC-Al matrix [45,46] , whereas

he precipitation activation energy (413 kJ/mol) is uncharacteristi- 

ally large. Typical values for intermetallic precipitation in Al–Ni–

e glasses are ≈ 200 kJ/mol [47] , less than half the value we mea- 

ure. The precipitation activation energy we measure is also larger 

han those in all ternary amorphous Al-transition metal-rare earth 

lloys [47,48] and is comparable to higher order amorphous Al- 

lloys such as AlNiYCoLa [49] , whose large activation energy origi- 

ates in the formation and evolution of several intermetallics with 

ultiple crystal structures. 

In-situ TEM heating experiments ( Fig. 4 and Supplementary 

ideos) provide direct visualization of the structural evolution dur- 

ng thermal exposure of the Al–Ni–Ce alloy. The evolution at tem- 

eratures below 325 ◦C is characterized by Ni and Ce grain bound- 

ry enrichment and subtle evolution of the Al grains. Individ- 

al heating segments to temperatures below 150 ◦C indicate lit- 

le microstructural activity, consistent with the absence of thermal 

vents in the calorimetric signal. At temperatures above 150 ◦C, 

nstances of grain reorientation occur and become more numerous 
t and peak temperatures of the low (T gb ) and high (T precip ) temperature exothermic 

 . 
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Fig. 4. In-situ TEM heating experiments. a-c , Annular dark field (ADF) STEM mi- 

crographs collected during separate heating segments up to 200 ◦C, 325 ◦C, and 

450 ◦C. Instances of grain reorientation are noted by orange arrows. Scale bars are 

10 nm. c also contains a HAADF STEM micrograph collected during final heating se- 

quence up to 450 ◦C. Dashed region in 450 ◦C ADF micrograph is the original area 

imaged at 25–325 ◦C. d , Selected area diffraction patterns collected at room temper- 

ature after heating to temperature noted. Scale bars are 5 nm 

−1 . Slight evolution in 

the diffraction patterns is evident at 325 ◦C, corresponding to reorientation events 

noted by arrows in b . Simulated electron diffraction pattern of a [011] zone axis 

of α- Al {11} Ce 3 is overlaid in green for comparison to 450 ◦C diffraction pattern 

collected from intermetallics in c . {111}, {200}, {220} and {311} Al diffraction rings 

are noted in blue along the beam-stop. e , DSC heat flow curve from ex-situ analysis 

for comparison of thermal signatures to direct observations. f , Schematic of exper- 

imental heating profile. (For interpretation of the references to color in this figure 

legend, the reader is referred to the web version of this article.) 
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Fig. 5. Grain size cumulative area distributions derived from conventional dark field 

TEM images during in-situ heating experiments. 
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t temperatures approaching 325 ◦C ( Fig. 4 a and b). The reorien- 

ation events are evident in the diffraction patterns, where more 

ntense and discrete spots after annealing at 325 ◦C signify fewer 

nique grain orientations in the imaged area ( Fig. 4 d). The pres- 

nce of more intense diffraction spots often implies grain growth, 

owever grain size distributions measured during the in-situ heat- 

ng experiments ( Fig. 5 ) indicate no significant grain growth. After 

eating to 450 ◦C, the HAADF snapshots ( Fig. 4 c) show significant 

rain growth alongside the nucleation of Al {11} Ce 3 and Al 3 Ni pre- 

ipitates ( Figs. 4 d and B.16 ) during the second exothermic event 

etected in the heat flow trace ( Figs. 3 b and 4 e). The negligible

utual solubility of alloying additions in the intermetallic phases 

uggests that the chemical distribution prior to intermetallic pre- 

ipitation - i.e., co-segregation and co-location of Ni and Ce to AIFs 

 severely hinders the subsequent precipitation kinetics. For in- 

tance, in order for Al {11} Ce 3 to precipitate, the initial Ni content 

ithin the AIF must diffuse away sufficiently in order for the local 

hemical environment to facilitate nucleation of Al {11} Ce 3 as there 

s limited solubility of Ni in Al {11} Ce 3 [50,51] . Such behavior has 
5 
een observed during controlled solidification of other Al–Ni-Rare 

arth alloys [52] . Furthermore, the role of confinement in the form 

f both size effects, which suppress the crystallization of nanoscale 

morphous alloys [53] , and strain energy penalties associated with 

ntermetallic precipitation within the sub-nm-scale AIFs [54] may 

omplicate intermetallic precipitation in the Al–Ni–Ce alloy, giving 

ise to the high activation energy of precipitation. These observa- 

ions, in conjunction with the calorimetric analysis, suggest a co- 

ependent thermal stability behavior wherein the presence of the 

IF stabilizes the microstructure, and the subsequent AIF evolution 

imits the precipitation of Al {11} Ce 3 and Al 3 Ni intermetallics, giving 

ise to the exceptional high temperature stability of the alloy. 

.2. Bi-crystal nanocrystalline Monte Carlo simulations 

A 2D projection of the initialized structure for the ternary com- 

osition is shown in Fig. 6 a and b. In order to confirm equili-

ration of the system, the total energy of the system was com- 

uted at every successful atomic swap. The change in energy dur- 

ng simulations performed at several temperatures are shown in 

ig. 6 c. The change in energy was calculated by subtracting the 

urrent system energy by the initial system energy. It appears that 

 local equilibrium condition sufficient for concluding the simula- 

ion is reached in all cases. The low temperature simulations ex- 

ibit significantly fewer successful swaps, as the system cannot ac- 

ess a more energetically-favorable condition by subsequent atomic 

waps; the variability in the system energy diminishes significantly 

fter several thousand successful swaps. These results, especially at 

ow temperature, may be metastable equilibrium states. Neverthe- 

ess, the total reduction in energy for simulations performed at 0 K 

fter > 6,0 0 0,0 0 0 total Monte Carlo steps is lower than those at-

ained at elevated temperatures in all simulations presented in this 

tudy. 

2D equilibrated snapshots, as well as grain boundary enrich- 

ent factor as a function of temperature are shown in Fig. 7 . 

rain boundary enrichment factor ( β) is the ratio of the local grain 

oundary composition ( χ gb 
a ) to the total concentration in the al- 

oy ( χa ): β = 

χgb 
a 

χa 
. The bond energies used in these simulations, 

hile approximations, are as follows: for like elements, the bond 

nergies were estimated from the cohesive energy of the pure el- 

ments [55] ; the pairwise bond energies between unlike elemen- 

al species were calculated using the mixing enthalpies of binary 

lloys [56] ; the grain boundary bond energies for unlike elemen- 

al species were calculated using estimates of the segregation en- 

halpies from [6,57,58] and formulations presented in Ref. [59] . 
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Fig. 6. a , 2D projection of bi-crystal Monte Carlo initialization demonstrating the grain boundary and grain interior sites. b , 2D projection of the random chemical initializa- 

tion for the ternary Al 97 Ni 2 Ce 1 simulation. c, Net change in energy of simulation cell as a function of successful Monte Carlo steps in Al 97 Ni 2 Ce 1 . The change in energy was 

calculated by subtracting the total system energy at each step by the initial system energy. 

Fig. 7. Equilibrated 2D snapshots of ternary Al 97 Ni 2 Ce 1 (top left) and binary Al 98 Ni 2 and Al 98 Ce 2 (bottom left) at 300 K. The ternary system shows enrichment of the grain 

boundary in both Ni and Ce, whereas only the binary Al-Ce exhibits grain boundary enrichment. This is quantitatively shown in the grain boundary enrichment figures on 

the right. 
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he enthalpies of segregation of Ce in Al reported in Ref. [57] are 

trongly negative, such that Ce exhibits a strong propensity for seg- 

egation away from Al, in good agreement with experimental evi- 

ence of Al-Ce alloys. As such, the simulation was performed with 

 large, negative enthalpy of segregation for Ce in Al of 20 kJ/mol, 

lose to the combined elastic and chemical interactions presented 

n Ref. [57] . Ni, on the other hand, exhibits a slightly positive en-

halpy of segregation in Al according to Refs. [6,57,58] , so the small, 

ositive value of 5 kJ/mol was used in the simulations. In the bi- 

ary cases, this results in clear grain boundary enrichment of Ce, 

nd grain boundary depletion of Ni, evident both in the 2D slices 
6 
nd in the grain boundary excess measurements. The pairwise in- 

eraction between Ni and Ce is attractive, so an enthalpy of seg- 

egation of Ni in Ce of 25 kJ/mol was used [57] . This value agrees

ith the experimentally observed segregation behavior and neg- 

tive mixing enthalpies in amorphous alloys [43,56] . These bond 

nergies result in in Ce and Ni enrichment of grain boundaries in 

he ternary alloy at low temperatures. At high temperatures in the 

ernary alloy, the grain boundary enrichment of Ni decreases, but 

emains greater than 1 for all simulations performed, highlighting 

he import of ternary alloying in this system - the favorable inter- 

ctions between Ni and Ce promotes grain boundary enrichment of 
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Fig. 8. a , Radially integrated total scattering patterns for thin film X-ray experiments. b , Background subtracted, radially integrated total scattering patterns. Two types of 

features are noted: ‘diffuse’ features from the amorphous structure and ‘Bragg’ features from crystalline domains. c , Total structure factors derived for the as deposited and 

annealed (200 ◦C, 1 h) sample. The large pre-peak at ≈ 1.5 Å −1 and Bragg peaks at {111} and {200} {hkl}s are noted. d , Atomic PDFs showing short-range atomic correlations 

in as deposited and annealed specimens, as well as for the glass substrate. 
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i in the ternary case, as opposed to grain boundary depletion of 

i in the binary case. Lastly, the temperature at which Ce depletion 

egins is shifted to higher temperatures in the ternary case, further 

ighlighting the importance of favorable Ni-Ce interactions. 

.3. Amorphous intergranular films underlie thermal stability 

The structural evolution of the AIFs that occurs during anneal- 

ng below 325 ◦C improves the low-temperature hardness of the 

lloy [25] while simultaneously impacting the phase decomposi- 

ion, as evidenced by the high activation energy for intermetallic 

recipitation ( Fig. 3 b). To elucidate the structural signatures un- 

erpinning the thermal stability, synchrotron X-ray scattering ex- 

eriments were performed on the as-deposited and 200 ◦C an- 

ealed material. The total scattering patterns ( Fig. 8 a and b), struc- 

ure factor ( Fig. 8 b), and resulting pair distribution function (PDF) 

nalysis ( Fig. 8 d) provide crucial insight on short- and medium- 

ange ordering motifs through the detection of diffuse scattering 

ignals that are usually overwhelmed by the Bragg scattering fea- 

ures. Specifically, the background subtracted total scattering inten- 

ity ( Fig. 8 b) exhibits contributions from the amorphous phase (the 

IFs) corresponding to the peaks near 1.5 and 2.6 Å 

−1 . These peaks 

ecome less prominent upon annealing, whereas crystalline fea- 

ures at 4.4 and 6.8 Å 

−1 become more pronounced after annealing. 

s we do not observe significant grain growth or the nucleation of 

ew grains in Fig. 1 b,c as well as in the in-situ TEM experiments

 Fig. 4 a–c), nor in previous work [25] , we ascribe this evolution in
7 
ntensity primarily to the structural evolution within the AIF re- 

ions. 

We further examine the evolution of the amorphous grain 

oundary regions using the total structure factor in Fig. 8 c, which 

as calculated directly from the background corrected XRD pat- 

erns using PDFGetX3 [60] . Two peaks in Fig. 8 c originate from 

he amorphous content of the material: the feature labeled ‘Pre- 

eak’ at 1.5 Å 

−1 and another at 2.8 Å 

−1 . As the feature at 2.8 Å 

−1 

oes not evolve significantly with annealing, we will focus our 

iscussion on the feature at 1.5 Å 

−1 . Pre-peaks, subtle yet distin- 

uishable features in diffraction experiments of amorphous ma- 

erials [61] , have been observed via neutron and X-ray diffrac- 

ion experiments of many Al-based liquid and amorphous alloys 

62,63] . These features arise from the short- and medium-range 

rder of solute additions, which take on a quasi-periodic arrange- 

ent due to strong pairwise atomic interactions and the packing 

otifs of polyhedral clusters [47,62–64] . This ordering is mani- 

ested as a reduction in the pre-peak present in the structure fac- 

or ( Fig. 8 c) of the nanocrystalline Al–Ni–Ce alloy after annealing, 

hich is accompanied by a reduction in the correlation peaks as- 

ociated with the disordered, amorphous structure below radial 

istances of 5 Åin the atomic PDF ( Fig. 8 d). While understand- 

ng the chemical complexity from the PDF results is beyond the 

cope of this work since it requires dedicated modeling to de- 

onvolute the contributions from the different bonding environ- 

ents, we note here the mutual consistency in the structure factor 

nd PDF and their agreement with the electron diffraction results. 
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Fig. 9. a, b , HAADF-STEM and electron dispersive X-ray spectroscopy (EDS) maps 

of the as-deposited ( a ) and heated ( b , 325 ◦C, in-situ) Al–Ni–Ce sample. Scale bars 

are 10 nm. The EDS maps are color coded: Al is red, Ce is blue, and Ni is yellow. 

The color intensity corresponds to the local concentration in atomic percent, scaled 

to the minimum and maximum values. The range of compositions reflected in the 

color intensities in a are [94, 95] % Al, [3.5, 4.1] % Ni and [1.32, 1.35] % Ce, and for b 

[94, 97] % Al, [0, 6.3] % Ni and [0, 3.4] % Ce, respectively. (For interpretation of the 

references to color in this figure legend, the reader is referred to the web version 

of this article.) 

Fig. 10. a, b , Schematic evolution of hypothesized solute-centered polyhedral pack- 

ing within the AIF between two neighboring grains (G1 and G2, hatched) in the 

as-deposited and annealed states. Dashed lines indicate solute-centered polyhedra, 

which exhibit more vertex sharing with annealing. Edge sharing faces are noted by 

solid lines. 
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e observe a significant reduction in the pre-peak present in the 

tructure factor ( Fig. 8 c) of the nanocrystalline Al–Ni–Ce alloy af- 

er annealing. This reduction in pre-peak magnitude is indicative 

f a destabilization of the regular packing of solute-centered poly- 

edra within the AIFs, which has important implications for ther- 

al stability. Structural rearrangements that reduce the connectiv- 

ty of solute-centered atomic clusters giving rise to the pre-peak 

lso effectively minimize structural precursors to the equilibrium 

rystalline phases, resulting in enhanced thermal stability [65,66] . 

he structural evolution evident in Fig. 8 c occurs concomitantly 

ith the chemical enrichment of the AIF in Ni and Ce, as evidenced 

n the EDS maps presented in Fig. 9 a and b (as well as Figs. 1 b,c,

.14 and B.15 ). This increase in local Ni and Ce concentration from 

l {94.6} Ni {4.1} Ce {1.3} to Al {86.6} Ni {10} Ce {3.4} inhibits the regular pack- 

ng of solute-centered polyhedra, consistent with increasing ther- 

al stability in amorphous alloys with increasing concentrations of 

i and Ce [65] . This is further manifested by the increased inten- 

ity and decreased breadth of the Bragg peaks, suggesting that any 

ntragranular Ni and Ce has diffused towards the grain boundary. 

 schematic depiction of the hypothesized structural evolution of 

he AIF is shown in Fig. 10 a and b, where the solute centered poly-

ons exhibit more edge-sharing in the as-deposited case and more 

ertex-sharing with higher Ni and Ce concentrations. The reduc- 

ion in structural motifs that provide favorable templating with the 

quilibrium Al {11} Ce 3 and Al 3 Ni phase - as indicated by the reduc- 
8 
ion in the pre-peak intensity, the chemically challenging precipi- 

ation process, as well as potential strain energy penalties [54] and 

ize effects [53] , all underlie the microstructural stability of the Al–

i–Ce alloy. Interestingly, the intrinsic stability owing to the for- 

ation of AIFs and its evolution to suppress precipitation act in 

 co-dependent way; the thermodynamic stabilization mechanism 

vidently begets the kinetic ones. 

Our detailed thermal analysis and characterization of the Al–

i–Ce samples collectively point to an emergent thermal stability. 

nnealing at temperatures below 325 ◦C induces three phenom- 

na that occur in concert: 1) chemical enrichment of the amor- 

hous grain boundaries in Ni and Ce, 2) Al grain reorientation, 

nd 3) a reduction in the medium-range structural order of the 

IFs. All three phenomena are fundamentally mediated by diffu- 

ive activities, in good agreement with the low temperature ac- 

ivation energy obtained from calorimetric analysis. The chemical 

nrichment of the grain boundaries, evident in the HAADF micro- 

raphs and EDS measurements, is consistent with previous inves- 

igations of amorphous alloys due to the negligible solubility of Ni 

nd Ce in Al [43] . Grain reorientation occurs as a result of diffusive

vents [67] , potentially minimizing the surface or grain boundary 

nergy. The signatures from the X-ray total scattering analysis sug- 

est the increase in Ni and Ce in the AIFs causes a destabiliza- 

ion of Ni- and Ce-centered, polyhedral, medium-range order in 

he amorphous regions of the material, complicating intermetallic 

recipitation. These concerted effects enhance the thermal stability 

f the microstructure by stabilizing the AIFs and concomitantly im- 

rove the mechanical properties and deformation behavior of the 

lloy [25] . 

.4. Origin of elevated temperature strength 

We next examine the influence of chemical and structural or- 

ering within the AIF on the elevated temperature mechanical 

roperties of nanocrystalline Al–Ni–Ce. The room and elevated 

emperature mechanical properties of the Al–Ni–Ce alloy measured 

y high temperature nanoindentation. These data were converted 

o strength values assuming a Tabor factor of 3 (i.e. σ = 

H 
3 ) [68–

0] . This Tabor factor is large given the high hardness to modu- 

us ratio [71] , resulting in lower reported strength values, but was 

sed to account for any potential pressure sensitivity of the al- 

oy [72] . Fig. 11 a presents an estimate of the room temperature 

pecific strength of the Al–Ni–Ce alloy. The density was calcu- 

ated using the composition of the alloy determined by STEM EDS 

Al {94.9} Ni {3.8} Ce {1.3} ), and the elemental densities for constituent 

lemental metals. Fig. 11 a demonstrates the high strength, low 

ensity, and extremely small grain size of the Al–Ni–Ce alloy rel- 

tive to many Al-based alloys. The properties of conventional Ti- 

Al-4V, Mg AZ31B, and Al 6061-T6, all high specific strength al- 

oys utilized in aerospace applications, are included here as well to 

emonstrate the exceptional properties of the Al–Ni–Ce alloy, and 

ighlight the potential benefits of utilizing such an alloy in engi- 

eering applications. 

The temperature-dependent properties ( Fig. 11 b) of the as- 

eposited Al–Ni–Ce alloy demonstrate that while several nanos- 

ructured Al alloys exhibit comparable room temperature strength, 

ur alloy exhibits higher strength at elevated temperatures com- 

ared to all previously reported nanostructured (nanotwinned) 

73] and high performance conventional Al alloys [20–23] . The 

trength decreases from 1650 MPa at room temperature in the as- 

eposited state to 1350 MPa at 250 ◦C. After heating to 250 ◦C 

nd cooling back down, the room temperature strength of the al- 

oy attains a maximum of 1800 MPa, providing additional cor- 

oboration of a grain boundary relaxation process. The strength 

rops considerably at temperatures above 300 ◦C due to signifi- 

ant microstructural evolution and intermetallic precipitation, evi- 
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Fig. 11. a , Left, estimated specific strength of Al alloys as a function of grain size. Data measured by indentation is colored in green. Right, high specific strength alloys 

Ti-6Al-4V, Mg AZ31B, and Al 6061-T6 included for reference. Data from references [73,81–90] . b , Elevated temperature mechanical properties of the Al–Ni–Ce alloy, alongside 

conventional (1XXX–7XXX series) alloys, Sc and Ce containing alloys, and other high performance Al-alloys (data from [20–23,73] ). Error bars for the Al–Ni–Ce sample are 

within the marker. The maximum room temperature strength was recorded after heating to 250 ◦C is noted by the single hatched hexagonal marker. The room temperature 

strength after heating to 325 ◦C is noted by the cross hatched hexagonal marker. (For interpretation of the references to color in this figure legend, the reader is referred to 

the web version of this article.) 
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s

m

ent in the room temperature hardness measurements performed 

fter heating ( Fig. 11 b, hatched marker). At 325 ◦C the strength 

as measured to be 230 MPa - a large reduction relative to the 

oom temperature performance of the alloy, but still considerably 

igher than many precipitation-strengthened Al-alloys, including 

igh-performance Ce-containing cast Al-alloys [21,23] . 

.5. Activation parameter analysis 

Despite these impressive elevated temperature mechanical 

roperties, the mechanistic origin underpinning the temperature- 

ependent strength of the alloy is not obvious. While all metallic 

lloys exhibit temperature-dependent strength, we seek to unravel 

he competing roles of the amorphous and crystalline domains on 

his temperature dependence in our AIF-containing nanocrystalline 

lloy. Bulk amorphous metals exhibit a near universal temperature- 

ependent yield strength due to their shear transformation zone 

STZ) based plasticity [74] . While such a model is inappropriate for 

escribing the overall behavior of the Al–Ni–Ce alloy due to the 

arge volume fraction of crystalline grains, the temperature depen- 

ence predicted by this model is quite similar, suggestive of a sim- 

lar underlying deformation process. 

One promising attribute of elevated temperature indentation 

esting is the ability to derive activation parameters from both 

he rate and temperature sensitivity of the measured properties, 

hich provide insight into the mechanistic underpinning of the 

echanical behavior. Several analysis techniques exist for extrac- 

ion of these parameters from testing, such as those explored in 

efs. [75–77] . However, given the substrate influence on the inden- 

ation modulus ( Fig. A.13 ), several of these techniques are unsuit- 

ble for the present data. Nevertheless, using a phenomenological, 

ower law description for the “steady state” yield strength [75] , σs , 

e can extract activation parameters as follows: 

s = K ˙ εm (2) 

here K is a pre-exponential factor, ˙ ε is the strain rate and m is 

he rate sensitivity. Next, we assume that the strain rate is gov- 

rned by a thermally activated mechanism such that: 

˙ = B exp 

−�G 

∗
(3) 
kT 

9 
s = K 

′ exp 

−m �G 

∗

kT 
(4) 

here B , K 

′ are constants, k is the Boltzmann constant, and �G 

∗

s the apparent activation enthalpy. From this description, we can 

alculate the apparent activation energy by obtaining the slope 

f ln (σs ) vs m 

T , which suggests a Gibbs activation enthalpy of 

2.7 kJ mol −1 or 0.13 eV for the AIF regime and 120 kJ mol −1 

r 1.24 eV for the intermetallic regime. Strain rate sensitivity val- 

es were measured during indentation jump tests performed at 

ach testing temperature. The activation volumes measured during 

ump tests at room temperature prior to microstructural coarsen- 

ng are unusually high and were not used for activation parameter 

nalysis; rather, activation volumes of 8 b 3 , consistent with AIF- 

ontaining elevated temperature measurements as well as those 

eported in Ref. [25] , were utilized for the room temperature acti- 

ation volume when performing activation parameter analysis. All 

ata measured (and utilized in these calculations) are presented in 

able 1 . 

Focusing on the AIF regime, we can estimate the Helmholtz ac- 

ivation energy as described in Ref. [78] through the addition of 

he mechanical work as follows: 

F = �G 

∗ + �W 

W = νact σ = νact 
H 
3 

(5) 

here νact is the activation volume, σ is the stress, and H is the 

ardness. This calculation results in a Helmholtz energy between 

.9 and 1.35 eV, which agrees excellently with that for STZ activity 

n a monolithic Al-based glass [79] or shear transformation zone 

STZ) plasticity at grain boundaries [78] . While estimating STZ vol- 

me using such analysis is the subject of fervent debate, and may 

ot provide physically meaningful information, using the formula- 

ion presented in Ref. [78] , the STZ-size can be estimated by di- 

iding the activation volume by the critical shear strain to initi- 

te plasticity, assumed to be 0.2. This results in an estimated STZ 

olume for the Al–Ni–Ce alloy is between 0.7 and 1.1 nm 

3 , or 43–

7 atoms, a similar size to the grain boundary spatial extent mea- 

ured in Ref. [25] . 

These observations suggest that the rate limiting feature of the 

echanical behavior of the AIF-containing Al–Ni–Ce alloy regime is 
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Table 1 

Summary of elevated temperature indentation testing - testing temperature, previous thermal exposure, hardness, and 

rate sensitivity measurements. 

Test temperature ( ◦C) Previous exposure ( ◦C) H o (GPa) Activation volume (b 3 ) Strain rate sensitivity, m 

25 25 5 . 16 ± 0 . 04 123 ± 54 ∗ 0 . 0023 ± 0 . 0007 

25 200 5 . 43 ± 0 . 07 181 ± 84 ∗ 0 . 0016 ± 0 . 0008 

25 250 5 . 42 ± 0 . 06 207 ± 119 ∗ 0 . 0015 ± 0 . 0007 

25 325 3 . 05 ± 0 . 11 11 ± 1 0 . 0373 ± 0 . 0026 

100 25 4 . 81 ± 0 . 15 32 ± 21 0 . 0140 ± 0 . 0060 

200 25 4 . 52 ± 0 . 07 10 ± 2 0 . 0501 ± 0 . 0091 

250 25 4 . 04 ± 0 . 11 6 ± 1 0 . 10 0 0 ± 0 . 0150 

325 25 0 . 67 ± 0 . 07 31 ± 2 0 . 1390 ± 0 . 0076 

∗ All activation parameter calculations were performed using a room temp (25 ◦C) activation volume of 8 b 3 from Ref. [25] . 

The origin of the large room temperature activation volume data measured in the Al–Ni–Ce alloy during jump testing is 

actively being investigated. 
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Fig. 12. Projected transition temperatures for various time exposures from calori- 

metric modeling, alongside strength and activation parameter analysis above. 
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TZ activity in the AIF-grain boundary regions, consistent with pre- 

ious studies of crystalline-amorphous nanolaminates [80] . Other 

esearchers have noted that such STZ-like grain boundary defor- 

ation displays a temperature dependence similar to that of the 

niversal yield criterion for metallic glasses [74,78] . Although this 

recise deformation mechanism has been argued to underpin the 

eleterious shear localization behavior in nanocrystalline metals at 

ow temperatures [19,78] , STZ-like rate limiting deformation mech- 

nisms provide intrinsic high temperature strength retention in our 

ernary alloy, suggesting that AIFs not only enhance microstruc- 

ural stability and damage tolerance, but enable high temperature 

trength. 

.6. Predicting the transition in deformation behavior 

The dramatic reduction in strength at 325 ◦C observed dur- 

ng elevated temperature indentation testing is due to intermetal- 

ic precipitation, eliminating the AIFs and enabling microstructural 

oarsening. This is evident not only in the reduction in room tem- 

erature strength collected after heating to 325 ◦C, but also in 

he activation analysis for these data. Activation parameter analysis 

uggests a Gibbs activation enthalpy of 1.24 eV for the precipita- 

ion regime, identical to dislocation-mediated behavior in UFG Al 

77] . While this presents an apparent contradiction with the ther- 

al stability observed during in- and ex-situ heating experiments 

 Figs. 1 and 4 ), as the kinetics of intermetallic precipitation gov- 

rn this transition, incorporating the testing time (2–3.5 h) into 

he interpretation of these data is essential. Thus, the mechanis- 

ic insight obtained through activation parameter analysis can be 

ombined with the kinetic parameters obtained from our calorime- 

ry ( Fig. 3 ) to predict the transition between the AIF-controlled 

nd precipitation regimes, which is essential in designing materi- 

ls for critical applications. Given the origin of this transition, we 

an apply the Kissinger analysis ( Fig. 3 b) to estimate the transition 

emperature of mechanical properties due to precipitation. Since 

his method provides a relationship for peak temperature during 

on-isothermal conditions, it serves as a conservative estimate of 

his transition by calculating the peak temperatures for precipita- 

ion with an equivalent heating rate of the total thermal exposure 

er 1 ◦C. For instance, for a 30 min exposure, the equivalent heat- 

ng rate would be 1 ◦C 
30 min 

≈ 5 . 54 × 10 −4 ◦C 
s , corresponding to an esti- 

ated peak or transition temperature of 288 ◦C, in excellent agree- 

ent with the experimental data obtained during elevated tem- 

erature indentation testing. This transition temperature, as well 

s estimated transition temperatures for 2 and 10 0 0 h at temper- 

ture, and corresponding activation parameter fits are included in 

ig. 12 . These thermal estimates are quite conservative - Fig. 1 c 

emonstrates microstructural stability for 1 h at 325 ◦C, while the 

alorimetric model predicts stability for less than 10 min - but 
10 
re useful for applications where retention of strength at temper- 

ture is critical. Such a simplistic model may also enable high- 

hroughput screening of future novel alloys with the primary ob- 

ective of increasing the precipitation peak temperature, enabling 

anocrystalline alloy development for even higher temperature ap- 

lications. 

. Conclusions 

In conclusion, we elucidated the structural origin of remark- 

ble thermal stability and elevated temperature strength of an AIF- 

ontaining, nanocrystalline Al–Ni–Ce alloy. The results of our de- 

ailed in- and ex-situ thermal analysis, electron and X-ray diffrac- 

ion, and elevated temperature indentation investigations allow us 

o draw the following conclusions: 

• The presence and chemo-structural evolution of the AIFs 

present in the Al–Ni–Ce alloy gives rise to the exceptional mi- 

crostructural stability of the alloy. Specifically, the reduction in 

the short-range order of the AIF during low temperature an- 

nealing due to solute enrichment reduces the propensity for in- 

termetallic precipitation and stabilizes the nanocrystalline mi- 

crostructure against grain growth up to high temperatures. 

• High temperature indentation measurements show that the de- 

signed Al–Ni–Ce alloy exhibits strength retention that outper- 

forms all high performance Al-alloys to date below 300 ◦C, 

and absolute strengths comparable with high performance al- 
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Fig. A1. Depth resolved indentation hardness and modulus for the as deposited Al–

Ni–Ce alloy. 
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loys at higher temperatures, despite precipitation of intermetal- 

lic phases and coarsening of the microstructure. 

• Analysis of the high temperature data suggest that grain bound- 

ary mediated STZ-like activity dominates the mechanical be- 

havior prior to intermetallic precipitation, manifest in a weaker 

temperature dependence on strength than conventional Al- 

alloys. 

• Finally, calorimetric analysis provides a conservative estima- 

tion of the transition temperature between AIF-controlled and 

precipitation-controlled mechanical properties. 

These results not only demonstrate the scientific origin of 

he exceptional properties of this Al–Ni–Ce alloy, but also pro- 

ide insight into alloy design strategies that embrace the pres- 

nce of atomic disorder, ultimately leading to the creation of bulk 

58] nanocrystalline alloys with exceptional high temperature per- 

ormance. 
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ppendix A. Substrate influence during indentation 

Room temperature hardness and modulus data for thirteen in- 

ents performed on the as-deposited material are presented in 

ig. A.13 , demonstrating the influence of the Si substrate. The mod- 

lus data is significantly affected by the substrate, whereas the 
11 
ardness data is largely substrate insensitive. This can be ascer- 

ained as the hardness of single crystal (100) Si exceeds 10 GPa 

91] , but a significant increase in hardness at large depths is ab- 

ent in Fig. A.13 . Thus, while the hardness data presented is ex- 

racted from depths larger than 10% of the film thickness (100 nm), 

he hardness values are representative of intrinsic material behav- 

or. The depth selected for hardness measurements was chosen 

o optimize between minimal substrate influence and was enough 

enetration to minimize geometrical inaccuracies, instabilities, and 

ransient behavior of the testing platform. Furthermore, the hard- 

ess values are not significantly different than those extracted 

rom an indentation depth of 100, but the stability of the testing 

latform improves at larger penetration depths at elevated tem- 

erature. Strain rate jump tests were performed at all testing tem- 

eratures by reducing the strain rate from 0.1 s {-1} to 0.01 s {-1} at 

 depth of 200 nm, and jumping back to 0.1 s {-1} at a depth of

50 nm to elucidate the strain rate sensitivities and activation vol- 

mes, as described in Refs. [92,93] . 

ppendix B. Additional in-situ EDS measurements 

In Fig. 9 , we presented colorized, post-processed EDS spectral 

aps of the Al–Ni–Ce alloy measured at room temperature in the 

s-deposited condition and after heating to 325 ◦C. For ease of in- 

erpretation and to eliminate concerns about the effects of post- 

rocessing, the un-binned EDS maps are presented in Figs. B.14 and 

.15 . Additional EDS maps of the precipitated (450 ◦C) microstruc- 

ure are also displayed in Fig. B.16 . 

https://doi.org/10.13039/100000015
https://doi.org/10.13039/100000001
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Fig. B1. EDS map of as-deposited Al–Ni–Ce alloy. a , HAADF image. Color elemental maps of b , Al c , Ni and d , Ce. 

Fig. B2. EDS map of Al–Ni–Ce alloy heated in-situ to 325 ◦C. a , HAADF image. Color 

elemental maps of b , Al c , Ni and d , Ce. Chemical redistribution of Ni and Ce to 

grain boundaries is qualitatively demonstrated in c, d , compared to Fig. B.15 c, d . 

S

f

R

Fig. B3. EDS map and quantification of Al–Ni–Ce alloy heated in-situ to 450 ◦C. a , 

HAADF image. Color elemental maps of b , Al c , Ni and d , Ce. Presence of Ni (Al 3 Ni) 

and Ce (Al {11} Ce 3 ) rich precipitates can be seen in c, d. e , Elemental line profiles 

of Line 1 crossing into the Al {11} Ce 3 precipitate. f , Elemental line profiles of Line 2 

beginning in an Al 3 Ni precipitate. 
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