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 A B S T R A C T

There is emerging recognition that crystalline defects such as grain boundaries and dislocations can host 
structural and chemical environments of their own, which reside in local equilibrium with the bulk material. 
Targeting these defect phases as objects for materials design would promise new avenues to maximize property 
gains. Here, we provide experimental proof of a dislocation-templated defect phase using a processing strategy 
designed to engender defect phase transitions in a nickel-based alloy and demonstrate dramatic effects on 
strengthening. Following heat treatments designed to encourage solute segregation to dislocations, regions 
with introduced dislocation populations show evidence of nanoscale ordered domains with a L12 structure, 
whereas dislocation-free regions remain as a solid solution. Site-specific spherical nanoindentation in regions 
hosting dislocations and their associated ordered nanodomains exhibit a 40% increase in mean pop-in load 
compared to similar regions prior to the segregation heat treatment. Strength estimates based on random 
solute atmospheres around dislocations are not sufficient to predict our measured strengths. Our mechanical 
measurements, in tandem with detailed electron microscopy and diffraction of the ordered domains, as well as 
characterization of dislocations in the vicinity of the nanodomains, establish the defect phase framework via 
direct observations of chemical and structural ordering near dislocations and its potential for offering favorable 
properties not achievable through conventional materials design.
1. Introduction

Two central tenets have historically guided novel alloy design and 
its underlying fundamental science: (i) material properties are encoded 
through structural order, which can be controlled by processing, and 
(ii) defects in the otherwise perfect structure can be crucial in mediat-
ing performance-limiting properties. In the first viewpoint, bulk ther-
modynamics provides the road map for selecting the crystal structure 
and composition, while kinetic considerations guide the competition 
and possible suppression of phase evolution. The second principle 
builds on the first by acknowledging the often dominant role of defects, 
from atomic to microstructural scales, in mediating material prop-
erties and informing strategies for tailoring the spatial arrangement 
of defects [1–3]. The prevailing paradigm is to largely treat these 
considerations separately or sequentially, neglecting the impact of de-
fects themselves on the chemical and structural ordering that underlies 
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phase equilibrium in bulk materials  [4]. However, recent evidence has 
demonstrated the existence of confined phases that emerge from, and 
remain anchored to, defects in crystals such as grain boundaries [5–7], 
planar faults  [8–10], and dislocations [11–16]. These defect phases can 
exist in a local equilibrium with respect to the abutting phases and are 
not predicted by conventional bulk phase diagrams. Provided that the 
reduced dimensionality of the defect is appropriately considered [17], 
the adherence of defect phase equilibria to similar bulk thermodynamic 
and kinetic principles provides a pathway towards a ‘‘defects by design’’ 
framework that marries the two tenets above with the potential of 
achieving an unexplored property space. Accordingly, the principles for 
construction of defect phase diagrams have been reported [4,18–21].

Recent work has demonstrated the existence of confined phases 
at dislocations—the primary vehicle for plastic deformation—as evi-
denced by experimental measurements of compositional enrichment 
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and chemical ordering in the vicinity of dislocations and simulations 
showing localized disorder to order transitions  [12,13,15]. The forma-
tion of dislocation phases is thought to be a consequence of the complex 
strain field surrounding the dislocation, which encourages local solute 
redistribution and drives structural and chemical transformation  [4,
11], notably under conditions where the bulk phase diagram would pre-
dict only a single phase. This phenomenon has been reported previously 
by Leyson et al. where they revealed the formation of defect phases 
surrounding dislocations due to an attractive H-H force experienced by 
hydrogen atoms as they are drawn closer together by dislocations [22]. 
Zhou et al. have reported Au segregation and defect phase formation 
at multiple types of defect structures including low-angle grain bound-
aries, stacking fault tetrahedra, Frank loops, and single dislocations in 
a Pt–Au alloy system  [12]. Additionally, Kuzmina et al. and Da Silva 
et al. have shown the presence of dislocation phases in Fe-9 at.% Mn 
using atom probe tomography (APT) analyses of Mn segregation at 
dislocation cores, with the compositional enrichment of regions around 
dislocations suggesting a transition from 𝛼 body centered cubit (BCC) 
to 𝛾 face centered cubic (FCC). The enriched FCC region does not 
coarsen even at very long annealing times (336 h), pointing to the 
confinement which distinguishes a dislocation phase from a process of 
heterogeneous nucleation that is predicted by the bulk phase diagram 
[13,14]. Using hybrid Monte Carlo and Molecular Dynamics (MC/MD) 
simulations, Turlo and Rupert identified dislocation phase formation 
in a dilute Ni–Al system where the increase in Al content at the 
dislocation encourages FCC to L12 transformation [15]. Singh et al. 
further evaluated Ni–Al for changes in stress–strain behavior and found 
increases in both break-away stress and peak stress for systems which 
contain dislocation phases compared to those that do not  [23,24]. 
However, direct experimental observations of ordered phases confined 
to regions with large dislocation populations, as well as measurements 
of their impact on important engineering properties, have remained 
elusive.

Here, we aim to take advantage of the strengthening potential 
of defect phases by designing a processing route specifically target-
ing dislocation-mediated phase evolution within a model binary alloy 
system, Ni–Al, the primary building block for high performance su-
peralloys used in extreme environments  [25]. Our processing route 
consists of three basic steps: the generation of a super-saturated popu-
lation of solute atoms serving as the reservoir for the defect phases, 
introduction of dislocations through a deformation process, and a 
secondary heat treatment designed to promote segregation of solutes 
to dislocations. We demonstrate direct evidence of nanoscale chem-
ically ordered domains, causally linked to the presence of disloca-
tions, through utilization of a suite of electron diffraction techniques 
and atomic-resolution electron microscopy, suggesting that the defects 
themselves template the local phases. Site-specific nanomechanical 
measurements of incipient plastic yielding demonstrate strengths as-
sociated with the presence of defect phases that far surpass both the 
baseline alloy values and those predicted for a random decoration of 
solutes around the dislocation cores, implicating the ordered disloca-
tion phases as the origin of the ultrahigh strengths. Our results provide 
experimental proof of defect phases and demonstrate their potency in 
controlling material properties, paving the way for defect phases to be 
incorporated into more holistic materials design approaches.

2. Materials and methods

2.1. Sample preparation

Samples were generated via arc-melting to obtain a 20 g ingot of 
Ni-13 at.% Al, with compositions confirmed using Wavelength Dis-
persive X-ray Fluorescence (WDXRF) on a Rigaku ZSX Primus IV and 
via Energy Dispersive Spectroscopy (EDS) in the Thermo Scientific 
Apreo C LoVac Scanning Electron Microscope (SEM). The ingot was 
homogenized for 5 h at 1200 ◦C and quenched in water. Phase purity 
2

was evaluated using a Panalytical Empyrean Powder Diffractometer 
and analysis was performed using TOPAS Academic V7 [26], with 
additional confirmation from SEM.

Dislocations were introduced into samples in one of two ways 
(locally and globally) for subsequent testing. For the first set, samples 
were indented with a 1.6 mm radius spherical indenter with a Zwick 
3212 Hardness Tester, and indent depth and size were measured using 
a Wyco NT1100 Optical Profiling System interferometer. This was done 
to locally introduce dislocations into the sample, generating regions of 
varying dislocation density within a single grain, as dislocation density 
decreases radially away from the indent. This was also done to ensure 
that all testing could be done on a single-crystal region to negate the 
effects of varied crystal orientation. In another set of samples, cold-
rolling was used to reduce the sample thickness by 30%, introducing 
global distributions of dislocations. Some samples were then sealed in 
a quartz ampule under argon environment to undergo a second heat 
treatment, termed the ‘‘Defect Phase Heat Treatment’’ (DP-HT), which 
was performed for 3 h at 1050 ◦C to encourage solute diffusion towards 
the dislocations (Fig.  1).

2.2. Characterization and testing

On microindented samples, nanoindentation experiments were per-
formed using a KLA iMicro Indentation System with a 1 μm diamond 
sphero-conical indenter tip where only the spherical apex makes con-
tact with the sample. The effective radius is found to be consistent 
with the nominal radius of 1 μm, and a reduced modulus of 180 GPa is 
calculated based on the Young’s modulus, E, and Poisson’s ratios, v of 
diamond (i, the indenter tip material) and Ni (m, the primary sample 
material) following the method of Oliver and Pharr [27]. Tests were 
performed at a strain rate of 10−3 s−1 to generate a load–displacement 
curve with a maximum displacement of 50 nm (following the strain rate 
definition of [28]). At these shallow depths and with a small indenter 
tip, it is possible to probe highly localized dislocation phenomena. This 
testing was done in regions within the micro-indent (high dislocation 
density) and far from the micro-indent (low dislocation density) to 
compare behavior in these regions. Pop-in events were detected from 
the displacement signal by identifying time points at which the dis-
placement rate jumped sharply. A threshold on the displacement rate 
of four times the root mean square error was used to ensure a jump 
in displacement was well outside the inherent noise of the signal. In 
this way, both the depth and load associated with the pop-in could be 
found.

Transmission electron microscopy (TEM) foils were pulled from 
different regions using a FEI Helios Dualbeam Nanolab 600 focused 
ion beam (FIB)-SEM. On rolled samples, TEM foils were prepared via 
electropolishing using a 10% perchloric acid and methanol mixture 
at −40 ◦C and with a 50 mA current in a Fischione Model 110 elec-
tropolisher. Samples were evaluated at 200 kV using collection angles 
of 9 mrad (bright field images) and 12–20 mrad (dark field images) 
on a Thermo Scientific Talos F200X TEM/STEM to confirm dislocation 
density in different regions and characterize the microstructure. Highly 
thinned regions of these samples were used for high-resolution STEM 
at 200 kV in a Thermo Scientific Spectra 200 TEM/STEM using a 
collection angle of 45–200 mrad. Where necessary, atomic-resolution 
STEM micrographs were processed using a custom non-rigid registra-
tion algorithm and filtered using a radial difference filter developed 
by HREM Research Inc. (high frequency maximum: 0.4, smooth edge: 
0.2). To measure the size of ordered domains using the Fiji package 
of ImageJ  [29], a bandpass filter which removes features larger than 
50 pixels (14 nm) and smaller than 7 pixels (2 nm) in diameter was 
applied to the dark field TEM images. A linear contrast adjustment 
was also applied to improve the contrast between the background and 
bright ordered domains. Finally, the particles were analyzed without 
restricting the size or circularity. Cluster analysis was performed using 
a GPU-acceleration package for ImageJ, CLIJ2 [30]. Simulation of elec-
tron diffraction patterns was performed using JEMS and SingleCrystal 
software packages.
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Fig. 1. Introduction of dislocations and specific heat treatment temperatures enable formation of defect phases. Process flow for sample preparation on a temperature vs. time 
plot. An arc-melted button of 13 at.% Al in Ni is homogenized at 1200 ◦C for 3 h. Microindentation or cold-rolling is then used to introduce dislocations within specific regions 
and grains in the sample. Finally, a second heat treatment is performed at 1050 ◦C to encourage solute diffusion to dislocations.
Fig. 2. Bulk characterization does not indicate bulk L12 formation. (a) Ni-rich side of the Ni–Al phase diagram showing the envelope in which dislocation phases can be expected 
to form. (b) Raw X-ray diffraction (XRD) data and the corresponding Pawley refinement fit for a sample after the homogenization heat treatment (purple), after the segregation 
heat treatment (orange), and after a long-term anneal (blue). XRD indicates only the presence of FCC Ni phase in all samples with no bulk formation of L12 (𝛾 ′). (For interpretation 
of the references to color in this figure legend, the reader is referred to the web version of this article.)
3. Results and discussion

3.1. Defect-aware processing strategy to generate dislocation defect phases

To demonstrate the versatility of our approach to various com-
mon processing methods, we employ two different modes of plastic 
deformation to introduce controlled populations of dislocations. In the 
first mode, we utilize spherical microindentation in a homogenized 
and water quenched super-saturated Ni-13 at.% Al alloy to generate 
a concentrated population of dislocations within a single crystalline 
grain. This allows for direct comparison between regions with var-
ied dislocation densities within the same crystallographic orientation. 
Spherical indentation, unlike indentation with sharp tips, can span 
the elastic to plastic transition, providing careful control on both the 
amount of plastic strain and the dislocation density introduced [31,32]. 
The relative strain, 𝜖𝑟, introduced by a round indenter is directly 
proportional to a/r during indentation, where a is the contact radius 
and r is the tip radius [33]. For samples shown in this work, the relative 
strain introduced is calculated to be 𝜖𝑟 = 3%–4% (supplementary text). 
Once dislocations have been introduced, a defect phase heat treatment 
(denoted ‘‘DP-HT’’) is employed to enable solute diffusion to disloca-
tions, driving localized defect phase formation. The temperature of this 
super-solvus heat treatment is chosen to lie within the single-phase face 
centered cubic (FCC) region, but near the solvus boundary (Fig.  2a) 
to be consistent with the predicted defect phase-forming envelope as 
described by Turlo and Rupert [15]. By choosing a temperature near 
the solvus, we improve the likelihood of forming dislocation phases, 
and by remaining outside of the two-phase region, we reduce the 
likelihood of nucleating bulk 𝐿12, either within the matrix or through a 
process of heterogeneous nucleation. As evidenced by laboratory X-ray 
diffraction (XRD), there is no indication of bulk phase evolution after 
either the homogenization heat treatment or the DP-HT following 1 h 
and 24 h of annealing (Fig.  2b).

To extend our approach to a bulk processing method, we use cold 
rolling (𝜖 = 30–40%) as our second deformation mode to generate 
3

𝑝

a higher, quasi-homogeneous dislocation distribution throughout the 
sample. In all samples, bulk microstructural characterization (XRD) 
indicates no phase change following the DP-HT; however, examination 
at finer length-scales from highly deformed regions suggests a more 
striking evolution, as evidenced by a marked difference in dislocation 
microstructure and diffraction signatures (Fig.  3). While samples prior 
to DP-HT contain a high dislocation density, there is no evidence of 
a secondary phase in real space images or diffraction (Fig.  3a,b). After 
the DP-HT (Fig.  3c) there are clearly distinguishable superlattice reflec-
tions (indicated by white arrows) visible in the selected area electron 
diffraction pattern (SAEDP) acquired from rolled samples, which can be 
directly indexed as L12 atomic ordering (Fig. S1). This is particularly 
obvious in intensity scans along the [002] direction, where peaks in 
intensity are observed at 𝑔 = [001] and 𝑔 = [001] (Fig.  3d).

A similar evaluation is performed on microindented samples in 
regions both within the indent and far away (‘‘far field’’), where the ex-
pected dislocation density is low. Similarly to rolled samples, dislocated 
regions before DP-HT do not show evidence of phase evolution either 
in real space (Fig.  4a) or diffraction (Fig.  4b). After DP-HT (Fig.  4c), we 
note a slight decrease in dislocation density from 3.9×1013 m−2 to 1.0×
1013 m−2 and the emergence of intensity in the superlattice positions 
indicating 𝐿12. While these superlattice spots are more difficult to see 
in the raw diffraction pattern, intensity in the superlattice positions is 
made obvious in line scans along the [002] direction (Fig.  4d). The 
higher intensity of superlattice spots in rolled samples is consistent with 
the higher plastic strain and dislocation density present in that sample 
before DP-HT.

In the far field (Fig.  5a), BF-STEM imaging shows there are still some 
dislocations, although at a much lower density, and an SAEDP in this 
region does not show intensity in the superlattice positions (black line 
in Fig.  4d), indicating a lack of 𝐿12 formation. We therefore confirm 
that the superlattice reflections observed in both the microindented 
and cold-rolled samples following the DP-HT arise from the presence 
of localized L12 ordering and systematically rule out other sources of 
diffracted intensity, including Kikuchi line intersections, thermal and 



Acta Materialia 289 (2025) 120887H.C. Howard et al.
Fig. 3. Micrographs and diffraction patterns indicate phase evolution after DP-HT in rolled samples. (a) Bright field scanning transmission electron microscopy (BF-STEM) micrograph 
of a sample cold-rolled to  30% strain. (b) Selected area electron diffraction pattern (SAEDP) of a cold rolled sample before (left side) and after (right side) the DP-HT with 
superlattice spots indicated by arrows. (c) BF-STEM micrograph of a cold-rolled sample after DP-HT. (d) Intensity plots taken from line scans along the [002] direction for rolled 
samples, before and after DP-HT. Superlattice intensity is indicated with black arrows.
Fig. 4. Micrographs and diffraction patterns indicate phase evolution after DP-HT in microindented samples. (a) Bright field scanning transmission electron microscopy (BF-STEM) 
micrograph of a sample microindented to  3% relative strain. (b) Selected area electron diffraction pattern (SAEDP) of a microindented sample before (left side) and after (right 
side) the DP-HT with superlattice spots indicated by arrows. (c) BF-STEM micrograph of a microindented sample after DP-HT. (d) Intensity plots taken from line scans along the 
[002] direction for microindented samples, before and after DP-HT. Superlattice intensity is indicated with black arrows. The black dashed line shows a similar line scan in a 
region far from the microindent, indicating no phase evolution in this region.
static displacements, dynamical scattering and thin foil effects, and the 
presence of stacking faults (supplementary text, Figs. S2-S5) [34,35]. 
These differences in diffraction signatures before and after the DP-
HT, and within heavily dislocated regions and in the far-field, causally 
link the presence of a dislocation population and local ordering, and 
suggest that the dislocations and their associated strain fields promote 
the transition from a disordered solid solution to a matrix containing or-
dered domains. We next ask whether the newly formed local dislocation 
environment following the DP-HT influences the mechanical behavior 
of the alloy using a site-specific technique to probe incipient plastic 
yielding, a deformation regime where dislocations would be expected to 
interact most strongly with obstacles generated in their direct vicinity.

3.2. Strength of alloy hosting dislocation defect phases

To evaluate the mechanical impact of dislocation defect phases in 
this Ni–Al system, Singh et al. have employed hybrid Monte Carlo/ 
4

molecular dynamics simulations to directly compare dislocation glide 
in several key sample types  [23]. When compared to a simple solid 
solution of Al in Ni (at concentrations ranging from 1 – 4 at % Al), 
the break-away stress for initial dislocation glide is increased by a 
factor of 4x, and the peak stress (analogous to a flow stress in their 
simulations) is increased by a factor of 1.3x for simulation cells con-
taining dislocation defect phases. In addition, in contrast to the more 
traditional Orowan bowing mechanism, Singh et al. showed that the 
mechanism for unpinning from dislocation defect phases requires a 
characteristic bowing and ‘‘unzipping’’ motion  [24]. This is caused 
by the presence of the dislocation phase domains slightly off the glide 
plane where they interact with the dislocation due to its hydrostatic 
stress field. These previous computational studies directly point to 
signatures of dislocation motion which we aim to probe experimentally 
with a specific emphasis on evaluating changes in incipient plasticity, 
or the exact moment of dislocation de-pinning.
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Fig. 5. Microscopy of regions with low dislocation density do not indicate any phase evolution. (a) Bright-field STEM image of a region far from the microindent (several hundred 
μm) where dislocation density is low. (b) SAEDP in this region, which shows no evidence of secondary phase formation (line scan is shown in Fig.  4d).
Nanoindentation ‘‘pop-in’’ testing can provide insights on
dislocation-mediated mechanisms by probing highly localized regions 
of a sample  [36–38]. The pop-in phenomena can be described as a 
rapid change in displacement at a constant load in a nanoindentation 
load–displacement curve which marks the transition from fully elastic 
deformation, where contact can be modeled using Hertzian contact 
theory, to elastic/plastic deformation  [31]. More specifically, pop-in 
occurs when there is a sudden cascade of dislocation motion, either 
from dislocation nucleation or glide, and subsequently manifests as a 
sudden change in displacement. The explicit utilization of a spherical 
indenter tip allows for exploration of the elastic to plastic transition 
and observation of the onset of dislocation-mediated plastic defor-
mation. However, the exact mechanisms governing pop-in can vary 
and depend on several parameters such as the indenter tip geometry 
and size, material microstructure, and defect environment under the 
indenter [38–41]. If there are very few dislocations in the material, it 
is highly unlikely that a dislocation will be present in the activation 
volume under the indenter tip, and therefore pop-in will occur due to 
dislocation nucleation near the theoretical strength [41]. When many 
dislocations are present, however, pop-in is more likely to occur at 
some stress value below the theoretical strength as dislocations are 
readily excited to glide [38]. As such, pop-in is dependent on the 
dislocation concentration of the material and any microstructure that 
may hinder or aid dislocation motion.

We employ spherical nanoindentation pop-in testing to evaluate in-
cipient dislocation-mediated mechanisms in dislocated and heat treated 
samples by targeting specific regions of the microindented sample, as 
the pop-in load is correlated to the local dislocation content  [36–38,
41]. We measure statistical distributions of pop-in loads obtained from 
load–displacement data during nanoindentation within and outside the 
microindent to reveal the influence of the ordered features arising from 
the DP-HT. Indeed, an initial examination of the load–displacement 
curves inside the microindent (Fig.  6b, c) indicates that the mean pop-
in load is dramatically increased after the DP-HT from 87.3 μN to 253 
μN. Away from the microindent, where dislocation densities are low 
(Fig.  6a), the distribution of pop-in loads is skewed towards high values, 
with a mean of 410 μN. This trend is a reflection of the low probability 
of activating existing dislocations under the indenter tip in a region 
where dislocations are sparse, promoting pop-in at higher loads where 
dislocation nucleation is required [38].

The dramatic drop off of the mean pop-in loads from the far-field 
to regions within the microindent also signals a mechanism change 
away from dislocation nucleation and towards activation (e.g. glide, 
de-pinning) of pre-existing dislocations [38]. Using these data, we 
calculate the maximum shear stress under the indenter tip at the pop-in 
load using: 

𝜏𝑚𝑎𝑥 = 0.31

(

6
3

𝑃𝐸2
𝑟
2

)1∕3

(1)
5

𝜋 𝑅
where P is the load at pop-in, 𝐸𝑟 is the reduced modulus, and R is the 
indenter tip radius [42]. Consistent with the qualitative observations 
from the load–displacement curves, the distribution of 𝜏𝑚𝑎𝑥 values from 
the far-field region (green circles in Fig.  7a) is consistently higher, with 
values approaching the theoretical strength of pure Ni [43] and display-
ing less scatter (Fig.  7a), again corroborating a nucleation-dominated 
regime. The broader tail at lower 𝜏𝑚𝑎𝑥 values likely reflects the low 
probability that a dislocation is encountered within the indented vol-
ume where lower stresses are required to activate glide. A best fit to 
these far field data using a stress-biased, thermally activated dislocation 
nucleation model (solid green line in Fig.  7a) yields activation volumes 
wholly consistent with homogeneous nucleation in FCC metals [44,45].

Specifically, these estimates for the dislocation nucleation regime 
are performed by modeling the cumulative distribution function of 
pop-in under an applied load as [44,45]: 

𝑓 = 1 − 𝑒𝑥𝑝
[

−
𝜂𝑘𝑇
𝜏̇𝜈∗

∗ 𝑒𝑥𝑝
(

𝜏𝜈∗

𝑘𝑇

)]

(2)

where 𝜂 is the nucleation rate with no applied stress, k is the Boltzmann 
constant, 𝑇  is temperature, 𝜏̇ is loading rate, 𝑣∗ is activation volume, 
and 𝜏 is the shear stress at pop-in. Using the fit to this model, the 
activation volume and energy can be calculated for the far-field data 
set, which are 22.7 Å3 and 0.78 eV, respectively. These values are con-
sistent with many other nanoindentation studies of incipient plasticity 
governed by dislocation nucleation in several materials  [41,44,45]. 
Further insights on the magnitude of the activation volumes are aided 
by atomistic simulations, which indicate that dislocation loops do not 
necessarily nucleate at their equilibrium size under an indenter tip and 
instead grow from small regions of crystalline imperfections under the 
indenter tip  [41]. Additionally, in a material which has been highly 
strained, dislocations are thought to potentially nucleate at vacancies 
or vacancy clusters  [45,46], which may be present in excess amounts 
from either quenching or plastic deformation. Taken as a whole, we 
conclude that dislocation nucleation is necessary to observe pop-in in 
the far field.

3.2.1. Sources of strengthening in microindented regions
In the contrasting case where many pre-existing dislocations are 

present, the stress at which any dislocation may glide is more stochas-
tic, as demonstrated by the broader 𝜏𝑚𝑎𝑥 distributions within the mi-
croindent (blue triangles and pink squares for before and after DP-HT, 
respectively), reflecting the activation of various dislocation environ-
ments which could be present under the indenter tip in this highly 
deformed region [40]. We note that, while high, these 𝜏𝑚𝑎𝑥 values 
inside the microindents are far below the theoretical strength measure-
ments we would expect from dislocation nucleation, and the greater 
spread of the CDF curves indicates a more stochastic sampling of pre-
existing dislocations  [38,47]. The high 𝜏  values are also consistent 
𝑚𝑎𝑥
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Fig. 6. Nanoindentation pop-in data indicates an increase in pop-in load after DP-HT. (a) Raw pop-in data from a region far from the microindent where few dislocations are 
expected. (b) Raw pop-in data from a region within the microindent, before the DP-HT, where there is a higher dislocation density. (c) Raw pop-in data from a region within the 
microindent after the DP-HT.
with what one might expect when probing plasticity in a very small 
volume [48–50] where source-controlled plasticity is dominant. Indeed, 
in the far field, we confirm this behavior and do not observe pop-
in until nucleation occurs at very high stresses since there are few 
or no pre-existing dislocation sources available [40,41,51]. In con-
trast, in regions of higher dislocation density, a new relevant length 
scale apart from plastic zone size and indenter tip radius has been 
introduced, and we must consider how this impacts pop-in results. As 
summarized by Gao and Bei, pre-straining a material before very small-
scale testing (including nanoindentation and micropillar compression) 
leads to lower max shear stresses but does not recover values that 
would be expected from bulk testing methods  [47,52]. This is because, 
even when dislocations are present before nanoindentation, the small 
volume of the plastic zone will likely probe a highly limited number of 
dislocations which may not be ideally oriented for slip. Therefore, we 
expect all pop-in results, regardless of pre-existing dislocation density, 
to over predict the max shear stress of the bulk Ni–Al alloy, but 
the primary signature of interest is the difference between strength 
measured inside the microindent before and after DP-HT. Strikingly, 
the average normalized 𝜏𝑚𝑎𝑥 (assuming a shear modulus of 𝜇 = 74 
GPa [53]) following DP-HT is well above the value from before DP-
HT (Fig.  6E), increasing by about 40% from 0.031𝜇 ± 0.0051𝜇 to 
0.042𝜇 ± 0.0053𝜇. We consider possible sources of strengthening that 
can explain this pronounced effect following the DP-HT where chemical 
ordering occurs in regions with high dislocation densities.

First, we consider strengthening owing to the presence of segregated 
solutes in proximity to dislocations that may be expected to create 
solute atmospheres. We apply the Labusch model [54,55] to predict the 
corresponding strengthening increment, 𝛥𝜏⊥−𝑠𝑜𝑙𝑢𝑡𝑒, which accounts for 
the interaction forces between a dislocation and solute atoms (acting 
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as pinning sites) assuming a non-dilute solute atmosphere both on and 
off the primary glide plane, and can be expressed as follows: 
𝛥𝜏⊥−𝑠𝑜𝑙𝑢𝑡𝑒 = 3𝛽𝜇𝜀4∕3𝑐𝛼⊥ (3)

where 𝜇 is the shear modulus, 𝜀 is the misfit parameter, 𝛽 is a fitting 
parameter dependent on the solvent, 𝑐⊥ is the concentration of the 
solute atoms near the dislocation, and 𝛼 ranges from 1/2 to 2/3 
based on the strength of the pinning of the obstacle [55]. The misfit 
parameter, 𝜀, encodes information on the modulus and size misfits of 
solute and solvent atoms and accounts for differences in interaction 
forces between screw and edge dislocations and solute atoms  [56]. 
Mishima et al. experimentally estimated a collective value for these 
leading terms, termed the strengthening coefficient, 𝑘 = 3𝛽𝜇𝜀4∕3, for 
Al in Ni by performing compression measurements on Ni–Al alloys 
ranging from 2 at.% - 8 at.% Al and measured the 0.2% flow stress 
as a function of concentration, yielding a direct measurement of k
= 0.225 GPa  [57]. More recently, Wang et al. employed density 
functional theory calculations to predict the relevant parameters for 
solid solution strengthening within the Labusch framework, namely 
the lattice mismatch and modulus mismatch due to solute atoms [58]. 
Based on their calculations and taking 𝛽 = 4.3 × 10−4, 𝜇 = 74 GPa, and 
𝜀 = 0.9 when averaged for screw and edge dislocations, a value of k of 
0.188 GPa is predicted, with the difference between this value and that 
of Mishima et al. likely arising from confounding strengthening effects 
in the experimental samples (e.g. grain boundaries, contaminants). For 
the sake of our analysis, we use both values to predict a range of 
possible strengthening from segregation of Al solutes to dislocations in 
our Ni–Al system. We further bracket the limits of this prediction by 
considering values of 𝛼 between 1/2, when solute atoms are treated 
individually  [59], to 2/3 when the solute is treated as a field which 
contributes a drag force to dislocation glide  [54]. Using the range 



Acta Materialia 289 (2025) 120887H.C. Howard et al.
Fig. 7. Post DP-HT samples indicate improved strength even over conventional alloy 
strengthening mechanisms. (a) Cumulative distribution functions (CDFs) of each pop-in 
data set. A thermal activation model is also fit to each distribution and plotted here 
using solid lines. (b) A bar plot of average pop-in load for each data set. The dashed 
line represents strengthening that might be expected from a Cottrell atmosphere using 
the Labusch model, and the shaded region shows the theoretical strength of nickel.

of values of k and 𝛼 and a concentration of 0.25 at.% Al, which is 
the equilibrium amount for the 𝐿12 phase, a total strength increase 
ranging from 74 MPa to 113 MPa is estimated. The dashed line in 
Fig.  7b shows the normalized estimated strengthening upper bound 
in comparison to the pre- and post-DP-HT samples. We see that this 
analysis dramatically underestimates the measured strength increase, 
indicating that the presence of Al solutes near the dislocation core alone 
is not sufficient to reconcile our results.

Next, we consider more traditional strengthening mechanisms asso-
ciated with the presence of ordered domains in a matrix and compare to 
our pop-in results. We evaluate strengthening expected from shearing 
of ordered particles in a solid solution matrix, which includes effects of 
particle incoherency (𝛥𝜎𝐶 ), modulus mismatch between the precipitate 
and matrix (𝛥𝜎𝑀 ), and the formation of antiphase boundaries (APBs) 
as dislocations shear the ordered precipitate (𝛥𝜎𝑂). The first two phe-
nomena are dominant just before the dislocation is able to shear and 
move through the precipitate, and the latter is relevant to the actual 
glide process through the ordered phase. The larger value of (𝛥𝜎𝐶 +
𝛥𝜎𝑀 ) or 𝛥𝜎𝑂 is expected to be the total strength contribution from a 
precipitate shearing mechanism  [60]. Each of these contributions can 
be determined using the following equations: 

𝛥𝜎𝐶 = 𝑀 ⋅ 𝛼𝜖 ⋅ (𝐺𝜖𝑐 )3∕2 ⋅
(

𝑟𝑓
0.5𝐺𝑏

)1∕2
(4)

𝛥𝜎𝑀 = 𝑀 ⋅ 0.0055(𝛥𝐺)3∕2 ⋅
(

2𝑓
)1∕2

⋅
( 𝑟)

3𝑚
2 −1

(5)
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𝐺 𝑏
𝛥𝜎𝑂 = 𝑀 ⋅ 0.81 ⋅
𝛾𝐴𝑃𝐵
2𝑏

⋅
(

3𝜋𝑓
8

)1∕2
(6)

where M, the Taylor factor, is 3.06 for FCC structures  [61], 𝛼𝜖 is a 
constant equal to 2.6  [62], 𝐺 is the shear modulus of the matrix, 𝜖𝑐
is the constrained lattice misfit, 𝑟 is the average size of precipitates, 𝑓
is the volume fraction, 𝑏 is the Burgers vector, 𝛥𝐺 is the difference in 
shear modulus between matrix and precipitate, m is a constant of value 
0.85  [63], and 𝛾𝐴𝑃𝐵 is the APB energy of the precipitate phase. Using 
materials constants for FCC Ni and 𝐿12 Ni3Al  [64], we find that the 
effect of shearing and APB formation is at least double that of coherency 
strengthening and modulus mismatch, so we focus only on the APB 
contribution. The APB energy of the 𝐿12 phase can be evaluated using 
a variety of computational methods and via TEM measurements of the 
stacking fault width, but values vary widely depending on imaging con-
ditions and assumptions made during modeling. Therefore, we consider 
a range of 𝛾𝐴𝑃𝐵 from 0.150 J/m2 and 0.200 J/m2, with most studies 
finding values around 0.170 – 0.190 J/m2. Using these values for 𝛾𝐴𝑃𝐵 , 
𝑏 = 2.52 Å, and 𝑓 = 0.1, a strength increase from particle shearing, 
𝛥𝜎𝑂, ranges from 253–338 MPa. This still dramatically underestimates 
the strength increase of 814 MPa we see in samples after the DP-HT, 
indicating a traditional shearing mechanism is insufficient to explain 
our results. For comparison, the volume fraction of 𝐿12 phase in our 
samples would need to be at least 56% to see a similar increase in 
strength of 800 MPa, which we know to be inconsistent with our TEM 
imaging.

Finally, because the dislocation density decreases slightly after DP-
HT (from 3.9 × 1013 m−2 to 1.0 × 1013 m−2), we must also consider 
how the pre-existing dislocation content may impact pop-in behavior. 
While an increase in mean pop-in load may be attributed to a de-
creasing dislocation density, this behavior would also be associated 
with a characteristic broadening of the distribution of pop-in loads 
reflecting the finite sampling of small populations of dislocations  [52]. 
Our distributions, rather, shift without a concomitant and proportional 
broadening, as measured by the ratio of the standard deviation to the 
mean of each distribution, which is found to be 0.171 and 0.126 for the 
deformed pre-DP-HT and deformed post-DP-HT samples, respectively. 
Additionally, we note that the density remains on the order of 1013 in 
the microindented samples both before and after DP-HT, making strong 
changes in strengthening from dislocation density alone unlikely. We 
confirm this assertion by calculating the contribution from Taylor 
hardening, expressed as [65]: 
𝜏𝑐 = 𝛼𝜇𝑏

√

𝜌 (7)

where 𝛼 =
√

2∕(8𝜋(1 − 𝜈)), 𝜇 is the shear modulus, b is the Burgers 
vector magnitude, 𝜌 is the dislocation density, and 𝜈 is Poisson’s ratio. 
Using material constants for Ni [66], dislocation densities measured 
for each deformed sample, and taking a range of 𝛼 = 0.5 − 1, the 
maximum difference in strength before and after DP-HT due only to 
dislocation content is estimated to be 147 MPa, which is far lower than 
the measured difference of 900 MPa. It is clear that neither Cottrell-like 
solute atmosphere strengthening nor Taylor hardening are sufficient to 
account for the 40% increase in strength observed in this work. We 
hypothesize that the chemical ordering arising from the solute enrich-
ment and the dislocation strain fields evident in the SAEDPs contribute 
substantially to strengthening. This motivates a more detailed analysis 
of the microstructure and dislocation state following the DP-HT.

3.3. Characterization of nanoscale ordered domains

We next explore the nature of the dislocation-templated ordering 
that leads to such large strengthening in this Ni–Al system, especially 
as there is no evidence of bulk-scale precipitation of an L12 phase 
(sufficient volume fractions or coherent scattering sizes to contribute 
to scattered X-ray intensities). One notable feature of both the mi-
croindented and rolled samples after DP-HT is the presence of paired 
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Fig. 8. Microscopic evaluation reveals presence of paired dislocations. (a) Bright field STEM (BF-STEM) micrograph of dislocation pairs distributed throughout a rolled, 
electropolished sample after DP-HT. (b) BF-STEM micrograph of paired dislocations in a microindented sample after DP-HT.
dislocations throughout the samples, as seen in Fig.  8a, b. Paired 
dislocations of this nature are frequently observed in L12-containing Ni-
superalloy systems [67], and are attributed to the disruption of ordering 
and generation of an antiphase boundary (APB) by glide of matrix 
dislocations (which become super partial dislocations in the ordered 
precipitate). The coordinated motion of dislocation couples minimizes 
the energy penalty of the APB since the trailing dislocation restores 
the preferred stacking by annihilating the APB [68]. The presence 
of paired dislocations throughout our samples point to an ordered, 
more energetically complex field that dislocations must glide through 
compared to what would normally be expected for a simple solid 
solution.

Detailed electron microscopy is used to characterize the size, dis-
tribution, and spatial arrangement of the emergent ordered domains. 
Weak beam dark field (WB-DF) imaging using the (g, 3 g) condition 
along the [220] direction shows the precise location of several dis-
locations in a cold-rolled, post-DP-HT sample (Fig.  9a), and, in this 
same sample area, DF imaging using the (100) superlattice reflection 
reveals L12 ordered domains surrounding the dislocated region (Fig. 
9b). Similar ordered domain formation was observed around at least 
five other investigated dislocations in both rolled and microindented 
samples and additional analysis was performed to rule out FIB-induced 
damage as the source of these domains (supplementary text). We 
quantify the spatial arrangement of the ordered domains using a cluster 
analysis to determine nearest neighbor distances (coloring in Fig.  9b), 
revealing that many of the most densely populated regions (dark blue 
domains) overlap directly with image intensity originating from the 
dislocation strain field, with regions further from the dislocations (top 
right and bottom left corners) displaying larger distances between 
neighbors. The sizes of the ordered domains are on the order of a 
few nanometers (2.7 nm ± 0.59 nm), (Fig.  9c) with equivalent size 
distributions showing a range of ordered domain diameters between 
approximately 1 and 5 nm (Fig.  9d). These sizes are small but consis-
tent with predicted dislocation phase sizes and the dislocation strain 
field [13], and they represent length scales associated with clearly 
developed ordering beyond chemical short range order [69,70].

We infer from the lack of evidence for nanodomain formation in 
the undeformed, dislocation-free samples (Fig.  5) that nanodomains 
form only when a combination of dislocations and specific thermal 
conditions (DP-HT) are present. We also rule out the potential that 
dislocations formed after the 𝐿12 domains due to lattice misfit since 
the expected misfit between FCC Ni and 𝐿12 Ni3Al is very low (0.3%), 
and there is no evidence of bulk 𝐿12 formation or dislocations in 
undeformed regions. Closer examination of these nanodomains near a 
dislocation through atomic-resolution STEM shows clear evidence of 
chemical ordering, outlined in orange in the atomic-resolution STEM 
image acquired along the [001] zone axis (Fig.  10a). These domains 
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closely match regions with extensive contrast variations in Fourier-
filtered images using the superlattice intensities (Fig.  10b). Along this 
[001] zone axis, L12 ordering exhibits a characteristic intensity modu-
lation along alternating rows, where one row (‘‘A’’) contains alternating 
Ni and Al atoms and the other (‘‘B’’) contains only Ni as shown in the 
inset of Fig.  10a. A ratio (A/B) of the average intensity profiles along 
four different A and B type rows (acquired within the orange brackets 
in Fig.  10a) confirms the atomic scale modulation consistent with
L12 ordering at nm length scale (Fig.  10c). Significantly, superlattice 
reflections are only present in FFTs acquired from within these ordered 
nanodomains, as evidenced through intensity profiles of FFTs along 
the (200) type g-vector from a region with ordering (orange in Fig. 
10d) and without (black dashed lines), consistent with the selected-area 
electron diffraction (Figs.  3b and 4b).

3.4. Mechanisms governing dislocation defect phase formation

The phenomena observed here, namely nanoscale ordering emerg-
ing in dislocated regions, offers intriguing parallels to relevant alloy 
systems and phase evolution mechanisms, but with several key differ-
ences. While the presence of nanoscale ordering and chemical short 
range order has been a significant topic of discussion in Ni- and 
Co-containing medium entropy alloys, the formation of ordering in 
these systems is typically attributed to the presence of many types of 
solute atoms, with potentially competing interaction parameters, and 
generally near-equiatomic proportions  [69,71]. The phenomena ob-
served here differ quite drastically, as the presence of ordered domains 
manifests with a relatively small concentration of a single alloying 
element as long as dislocations and the DP-HT are supplied. Other 
anomalous behaviors have been reported for semi-dilute Ni–Al alloys, 
specifically in relation to resistivity measurements, known as the ‘‘k-
effect’’, where resistivity increases suddenly upon aging  [72]. While 
there is no established link to changes in strength, such changes in 
resistivity have been linked to SRO in binary Ni–Al and reveal hints of 
a more complex phase evolution present in this system. To develop an 
understanding of the formation mechanism for these nanodomains and 
to facilitate new design pathways that maximize material strength, we 
next examine hypotheses for the sequence of events leading to defect 
phase formation.

Turlo and Rupert previously examined dislocation phase formation 
in detail using hybrid Monte Carlo/ molecular dynamics simulations in 
several different FCC alloys, including Ni–Al [16]. They found that the 
𝐿12 phase forms preferentially at dislocations when the heat treatment 
is performed in the two-phase field, consistent with heterogeneous 
nucleation. However, when the heat treatment is performed near the 
solvus line within the single-phase FCC field, 𝐿12 regions form which 
are stabilized by the stress field of the dislocations and would not 
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Fig. 9. Transmission electron microscopy confirms presence of nanoscale L12 ordered domains near heavily dislocated regions. (a) Weak beam dark field (WB-DF) micrograph 
of several dislocations in a rolled, electropolished sample after DP-HT, taken using the g-3g=(220) condition. (b) Dark field TEM (DF-TEM) micrograph taken using the (100) 
superlattice reflection with ordered domains colored according to nearest neighbor distance. (c) An example image of a mask used during detection and segmentation of ordered 
domains showing intensity under dark field imaging conditions. (d) Histogram showing the effective diameter of ordered domains. The black dashed line indicates the spatial 
resolution of the TEM under dark field imaging conditions. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this 
article.)

Fig. 10. Further microscopic evaluation confirms presence of nanoscale L12 ordered domains near heavily dislocated regions. (a) Atomic resolution STEM micrograph showing 
atomic column modulation in nano-scale ordered regions (orange circles determined from the Inverse Fast Fourier Transform along the superlattice reflections in (b)). The inset 
shows the alternating A and B rows of an L12 phase along the [001] zone axis. (b) A complementary inverse fast Fourier transform image of the region in (a), where the mask was 
placed around the superlattice features in reciprocal-space. Heavy distortions in the image directly correlate to ordered domains in real-space. (c) A plot of the ratio of intensities 
along A and B rows with black arrows indicating where A intensity is much higher than that of B on alternating atomic columns, indicating the presence of an ordered L12 phase. 
(d) Intensity plots taken along the (200) type g-vector on fast Fourier transforms (FFTs) acquired from both ordered (orange) and non-ordered (black dotted line) regions of the 
atomic-resolution STEM image.
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be predicted by the bulk phase diagram. They take on a distinctive 
size and arrangement along the dislocation line in order to minimize 
the system energy, wherein they maintain a particle diameter of a 
few nanometers and a periodic arrangement along the dislocation line, 
again distinguishing these dislocation phases from bulk nucleation.

Based on our collective TEM imaging and diffraction evidence, we 
propose a mechanism whereby Al atoms, once attracted to a dislocation 
by its strain field, can more rapidly diffuse along the dislocation and 
establish the necessary conditions to drive a disorder-to-order transi-
tion. While chemical mapping via STEM-EDS cannot resolve chemical 
segregation in this system, we expect the super-saturated nature of 
this sample at room temperature and the favorable accommodation 
of larger Al atoms at dislocations to encourage solute segregation to 
dislocated regions. We estimate this propensity for segregation assum-
ing a primary driving force based on elastic interactions in the highly 
strained region surrounding a dislocation. Accordingly, the enthalpy of 
segregation for Al in Ni can be estimated using the McLean model [73], 
expressed as: 

𝛥𝐻𝑠𝑒𝑔
𝑒𝑙 = −

2𝐾𝐵𝜇𝐴(𝑉𝐵 − 𝑉𝐴)2

3𝐾𝐵𝑉𝐴 + 4𝜇𝐴𝑉𝐵
(8)

where K is the bulk modulus, 𝜇 is the shear modulus, V  is the molar 
volume, and A and B represent the solute and solvent, respectively. 
Using materials constants from the Materials Project  [64,74], we 
calculate this to be 𝛥𝐻𝑠𝑒𝑔

𝑒𝑙 = 16.3 kJ/mol for Ni–Al. In comparison to 
other dislocation phase-forming systems where chemical segregation to 
dislocations has been measured via APT, namely Fe–Mn (𝛥𝐻𝑠𝑒𝑔

𝑒𝑙  = 0.83 
kJ/mol) and Pt–Au (𝛥𝐻𝑠𝑒𝑔

𝑒𝑙  = 4.92 kJ/mol), we see that segregation 
to dislocations is even more likely in our Ni–Al system. The time and 
temperature of the DP-HT is ensured to be long enough to allow this 
diffusion of Al to dislocations (supplementary text), and the sample 
is rapidly quenched, preventing phase evolution during cooling as 
evidenced by the lack of bulk 𝐿12 formation in undeformed regions of 
the sample. Once at the dislocation, Al can then rapidly diffuse via pipe 
diffusion, which is thought to be caused by solute-vacancy interactions 
within the core  [75]. First principles calculations have found diffusion 
of Al in Ni to be two orders of magnitude higher at dislocation cores 
in comparison to the bulk  [76], and phase field modeling has been 
used to evaluate the effect of this difference on solute atom behavior 
at dislocations  [77]. The results reveal the formation of a modula-
tion in chemical concentration of solute atoms and incomplete solute 
decoration along the dislocation line  [77], which is consistent with 
our observations of globular ordered nanodomains and is similar to 
experimental observations in the Fe-Mn system [13,14]. Finally, this 
decoration of ordered domains in the vicinity of dislocations or in the 
wake of glissile dislocations (given the evolution in dislocation den-
sity) effectively hinders subsequent dislocation motion under loading, 
providing the strengthening effect we observe here.

Another potential formation pathway would involve the presence 
of excess vacancies introduced through quenching and deformation in 
our processing steps, thereby accelerating the kinetics of precipitation 
[78–80]. We estimate the excess vacancy concentrations expected after 
physical deformation as: 

𝑐𝑋𝑆
𝑣 =

𝜒𝜎𝛺𝜖
𝑄𝑓

(9)

where 𝑐𝑋𝑆
𝑣  is the excess vacancy concentration, 𝜒 is a constant of 

order 0.1, 𝜎 is the yield stress, 𝛺 is atomic volume, 𝜖 is strain, and 
𝑄𝑓  is vacancy formation energy  [81]. Excess vacancies formed from 
deformation are calculated as 8.9 𝑥 10−5 vacancy/Ni for microindented 
samples and 6.5 𝑥 10−4 vacancy/Ni for rolled samples. The amount of 
vacancies introduced by quenching is based on the difference between 
the equilibrium amount of vacancies at the higher temperature in 
comparison to room temperature. To estimate this, we use 

𝑐𝑋𝑆
𝑣 = 𝑒𝑥𝑝

(−𝑄𝑓
)

(1 −𝑍𝐶𝑠) (10)
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𝑘𝑇
where k is Boltzmann’s constant, T  is heat treatment temperature, and 
(1−𝑍𝐶𝑠) is a correction term for an alloy system based on the coordina-
tion number, Z, and solute concentration, 𝑐𝑠  [82]. Normalized vacancy 
concentrations are found to be 1.2 𝑥 10−6 vacancy/Ni for the first heat 
treatment and 2.6 𝑥 10−7 vacancy/Ni for the DP-HT, much greater than 
the equilibrium vacancy concentration in Ni at room temperature of 
8.2 𝑥 10−25 vacancy/Ni [83]. Because excess vacancies are introduced 
in each processing step, we might expect ordered domains to form at 
any point along the processing route if vacancies alone are sufficient 
to encourage phase evolution via nucleation; however, two factors 
rule out a supersaturation of vacancies as mediating the formation of 
defect phases. First, the absence of chemical ordering following the 
deformation step (and prior to DP-HT) suggests that plastic deformation 
alone is not sufficient to drive the nanoscale phase transition. Second, 
dislocation-free regions following DP-HT, where quenched-in excess 
vacancies would be present, do not show superlattice reflections in 
the electron diffraction patterns. This collective evidence points to 
the importance of relatively long-range strain fields (∼ 𝑟−1) from a 
network of dislocations and a secondary segregation heat treatment 
that promotes chemical enrichment and ultimately ordering.

4. Conclusions

We have experimentally demonstrated, using a model binary Ni–Al 
alloy, that the introduction of dislocations and a subsequent defect-
targeted heat treatment can promote localized defect phases not pre-
dicted by the bulk phase diagram, yet which are more potent than 
conventional strengthening mechanisms. Specifically, an FCC Ni–Al 
alloy with pre-existing dislocations exhibits the formation of nanoscale,
L12 ordered domains which do not form in the absence of dislocations. 
As an expansion on previous dislocation phase studies where chemical 
segregation to dislocations is clear  [13,14], we also directly show 
evidence for chemical ordering as well as increased dislocation pinning 
and strengthening from domains that form exactly at the strengthening 
features (dislocations). Measurements of the local nanomechanical re-
sponse demonstrate that the shear strength is found to increase by 40% 
after the DP-HT and the formation of the ordered motifs, approaching 
the order of magnitude of the theoretical strength. The impact of 
dislocations on the disorder to order phase transformation seen in 
this work points to new ways in which simple processing steps (cold 
rolling, segregation annealing) can be used to engineer ‘‘defects by 
design;’’ indeed, we anticipate that our strategy is applicable to a broad 
canvas of materials capable of hosting dislocations. Our work firmly 
establishes the defect phase paradigm and demonstrates its potential for 
achieving attractive property gains, as well as new pathways in defect 
and alloy design that enable the development of novel engineered 
microstructures.
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