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ABSTRACT

Grain size engineering, particularly reducing grain size into the nanocrystalline regime, offers a promis-
ing pathway to further improve the strength-to-weight ratio of Al alloys. Unfortunately, the fabrication of
nanocrystalline metals often requires non-equilibrium processing routes, which typically limit the speci-
men size and require large energy budgets. In this study, multiple dopant elements in ternary Al alloys
are deliberately selected to enable segregation to the grain boundary region and promote the formation
of amorphous complexions. Three different fully dense bulk nanocrystalline Al alloys (Al-Mg-Y, Al-Fe-Y,
and Al-Ni-Y) with small grain sizes were successfully fabricated using a simple powder metallurgy ap-
proach, with full densification connected directly to the onset of amorphous complexion formation. All
the compositions demonstrate densities above 99% with grain sizes <60 nm following consolidation via
hot pressing at 585 °C. The very fine grain structure results in excellent mechanical properties, as evi-
denced by nanoindentation hardness values in the range of 2.2-2.8 GPa. Detailed microstructural charac-
terization verifies the segregation of all dopant species to grain boundaries as well as the formation of
amorphous complexions, which suggests their influential role in aiding effective consolidation and en-
dowing thermal stability in the alloys. Moreover, nanorods with a core-shell structure are also observed
at the grain boundaries, which likely contribute to the stabilization of the grain structure while also
strengthening the materials. Finally, intermetallic particles with sizes of hundreds of nanometers form in
all systems. As a whole, the results presented here demonstrate a general alloy design strategy of segre-
gation and boundary evolution pathway that enables the fabrication of multiple nanocrystalline Al alloys
with hierarchical microstructures and improved performance.

© 2021 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

coarse-grained 7075 alloy with a yield strength of 283 MPa, the
yield strength of the same alloy composition but with an ultra-

Al alloys are a class of structural materials widely used in
aerospace and gaining growing interest for automotive applications
because of a combination of exceptional strength-to-weight ratio,
high stiffness, and superior specific strength [1,2,3]. Conventional
Al alloys typically have grain sizes in the micrometer range, and
common alloying elements include Zn, Mg, and Cu. These alloy-
ing elements generally promote the formation of secondary phases
to strengthen the materials [4,5], leading to yield strengths that
can sometimes exceed 700 MPa. To further improve the strength,
grain refinement has been identified as a promising route since the
strength-to-weight ratio can be increased without requiring more
alloying elements, which are often heavier than the base Al. For
example, Ma et al. [6] showed that, compared to an as-extruded
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fine grain size is 583 MPa. With grain refinement, grain bound-
ary strengthening is the predominant mechanism as predicted by
the Hall-Petch relation. Consequently, further refinement of grain
sizes down to the nanoscale regime may offer a chance for even
better mechanical properties. Li et al. [7] sputter deposited colum-
nar nanotwinned Al-Fe alloy films with an average grain size of
~5 nm and obtained a yield strength exceeding 1.8 GPa, as mea-
sured through compression tests on micron-sized pillars. However,
despite the promise of outstanding properties, the high density of
grain boundaries in nanocrystalline metals and alloys also typically
results in poor thermal stability so that undesired grain growth can
easily occur during material processing or in service. Given the low
melting point of Al and its alloys, even modest temperature expo-
sures can lead to deleterious microstructural evolution. For exam-
ple, Ahn et al. [8] investigated the effect of degassing temperature
on the microstructure of a nanocrystalline Al 5083 alloy and ob-
served an increase in grain size from 50 nm to 118 nm after de-
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gassing at 500 °C for 2 h. Moreover, the grains further coarsened
to a mean size of 214 nm after cold isostatic pressing and forg-
ing processes. As a result, synthesis of nanocrystalline alloys usu-
ally requires far-from-equilibrium processing routes, such as mag-
netron sputtering, electrodeposition, and pulsed laser deposition
techniques, which commonly lead to specimens with small over-
all dimensions on the micron scale or smaller [9]. For instance,
Devaraj et al. [10] employed magnetron sputtering to fabricate
coarsening-resistant Al-Mg thin films, yet these materials only had
a thickness of ~100 nm. In contrast, powder metallurgy methods
can be easily scaled up and should require much less energy com-
pared to techniques such as high-pressure torsion or equal chan-
nel angular pressing, which necessitate multiple plastic deforma-
tion cycles, each requiring high applied forces.

Evidence is building in the literature to support the idea that
the most effective method for stabilizing a nanocrystalline grain
structure is the addition of dopant elements that can segregate to
grain boundaries, which reduces the driving force for grain growth
and/or provides kinetic stabilization on the grain structure. The
grain boundary energy for a dilute solution is [11]:

y = Yo — ' (AH**8 + kTlogX), (1)

where yq is the grain boundary energy of the pure material, I" is
the dopant excess at grain boundaries, AH¢ is the segregation
enthalpy, kT is the thermal energy, and X is the global dopant
content. In order for dopant atoms segregating to and stabilizing
grain boundaries, appropriate dopant elements need to be chosen,
with previous studies providing guidelines such as large atomic
size mismatch with the solvent [12] and, correspondingly, low bulk
solubility [13]. Chookajorn et al. [14] built on this idea to create a
theoretical framework based on a thermodynamic model to eval-
uate and design stable binary nanostructured alloys. This model
considers two key thermodynamic parameters, which are the en-
thalpy of mixing in the crystalline state for the grain interior and
the dilute-limit enthalpy of segregation for the grain boundaries.
These authors then identified a stable nanostructured alloy system,
W-Ti, which was shown to retain a 20 nm grain size even after
annealing at 1100 °C for one week, owing to the segregation of
Ti to grain boundaries and consequent stabilization. Later work by
Murdoch and Schuh [15] employed a Miedema-type model to esti-
mate the grain boundary segregation enthalpy in binary alloy sys-
tems, where positive and negative enthalpy values indicated seg-
regation and depletion of dopant atoms at grain boundaries, re-
spectively. The enthalpy calculation was expanded to ~2500 bi-
nary alloys, which can serve as a rapid screen tool for the stabil-
ity of nanostructured alloys. It is worth noting that grain boundary
segregants can concurrently provide a kinetic drag term that slows
grain growth [16]. As a whole, alloying with segregating dopants is
generally being accepted as the key process necessary for the cre-
ation of thermally-stable nanocrystalline alloys. However, the vast
majority of previous work has focused on binary systems where
only a single segregating species was added. Recent evidence sug-
gests that complex segregating behavior in multi-component sys-
tems is ultimately driven by the nature of the thermodynamic in-
teractions between multiple segregating species, the kinetic ability
to diffuse to the boundaries, and the nature of site competition at
various boundaries [17-20].

Segregation of dopant atoms can not only alter the chemistry of
grain boundaries but also change the local equilibrium structure of
these interfaces. A grain boundary can be described as a phase-like
entity, known as a complexion, and may transform between dif-
ferent structures as chemistry and/or temperature changes [21,22].
One type of complexion is an amorphous intergranular film, which
occurs when a grain boundary undergoes a premelting transi-
tion, locally melting below the bulk melting point of the alloy
and yet retaining an equilibrium thickness at the boundary. Amor-
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phous complexions have been shown to significantly enhance ther-
mal stability of nanocrystalline alloys, as Grigorian and Rupert
[23] demonstrated that Cu-Zr-Hf alloys with thick amorphous com-
plexions exhibit nanosized grains even after two weeks of anneal-
ing at a temperature higher than 95% of the solidus temperature.
In addition to improving thermal stability, amorphous complex-
ions have been associated with enhanced diffusion and the phe-
nomenon of activated sintering [24]. For example, in a W specimen
that was doped with Ni, Gupta et al. [25] observed the presence of
nanoscale amorphous Ni-enriched films at grain boundaries well
below the bulk eutectic temperature, which gave rise to enhanced
mass transport and consequently solid-state activated sintering. In
a different system, Donaldson and Rupert [26] reported that the
formation of amorphous complexions in a Cu-4 at.% Zr alloy con-
solidated from ball-milled powders coincided with a significant in-
crease in the density of bulk samples.

In the present study, our goal is to choose alloying elements
that can segregate to grain boundaries and form amorphous com-
plexions so that bulk Al-rich alloys with both nanosized grains and
high density can be achieved. Three elemental combinations are
selected: Al-Mg-Y, Al-Fe-Y, and AI-Ni-Y. Ternary systems are tar-
geted due to recent studies which provide evidence of better ther-
mal stability and thicker amorphous complexions, along with their
much slower critical cooling rate needed to retain amorphous com-
plexions compared to binary systems [23,27]. All of the compo-
sitions were successfully fabricated into fully dense bulk pellets
with a diameter of ~1.4 cm and height of ~1 cm using a simple
and scalable powder metallurgy approach. Moreover, the bulk sam-
ples showed full densification to >99% density and retained a grain
size of ~50 nm under proper hot pressing conditions. Microstruc-
tural characterization reveals a hierarchical structure containing a
nanocrystalline Al-rich grain structure and additional reinforcing
phases with different structures and characteristic length scales.
On a very fine scale, segregation of dopant atoms to grain bound-
ary regions and formation of amorphous grain boundary complex-
ions were observed, with the latter feature being connected to ac-
tivated sintering and mechanical behavior. Nanorods with a core-
shell structure were observed to nucleate at grain boundaries as
well, providing a reinforcing phase on the nanometer scale. The
internal structure of the nanorods is amorphous and clear par-
titioning of Y to an outer shell layer is observed. On a larger
length scale, intermetallic particles with sizes of a few hundred
nanometers were uniformly distributed within the microstructure.
The end result is that the Al alloys reported here readily consoli-
date from powder form into bulk samples and possess a hierarchi-
cal nanostructure that both stabilizes the grains and results in high
mechanical strength, all of which appear to be consequences of
the formation of segregation-mediated complexion formation. The
present study offers a simple approach to synthesize fully dense
bulk nanocrystalline Al alloys via engineered grain boundaries.

2. Materials and methods
2.1. Materials selection

In the present study, the goal is to fabricate bulk nanocrys-
talline Al-rich ternary alloys with both full density and small
grain size, by employing grain boundary segregation of dopant el-
ements expected to stabilize the grain size and promote the for-
mation of amorphous complexions. Therefore, appropriate selec-
tion of dopant species is a crucial step. First, positive segregation
enthalpies are desired indicating that dopant atoms tend to seg-
regate to grain boundaries. In addition, limited solubility is bene-
ficial as another sign that most of the dopant atoms will not dis-
solve in the Al matrix and instead will segregate to grain bound-
aries. Next, pair-wise enthalpy of mixing should be negative so that
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atoms of different elements are likely to mix with each other, as
this has been shown to be critical for the formation of amorphous
complexions as proposed by Schuler and Rupert [28]. Finally, large
atomic size mismatch is another important factor in analogy to
bulk metallic glasses, as a significant difference in atomic sizes
among the constituent elements has been shown to be beneficial
for a larger extent of dense randomly packed atomic configurations
[29]. Due to the similar structural disorder in both metallic glasses
and amorphous complexions, the criterion for metallic glasses can
help serve as a guide for amorphous complexion design. Based on
the above factors, three alloy systems of Al-Mg-Y, Al-Fe-Y, and Al-
Ni-Y were chosen, with roughly 2 at.% used for each dopant el-
ement. Each system includes one alkaline-earth/transition metal
and one rare earth metal to maximize the atomic size mismatch
[30,31], while the selection of Mg, Fe, and Ni allows for a range
of common metals to be studied. In addition, all dopant elements
have limited solubility in Al [32-35], and Mg, Fe, and Ni have been
shown to segregate to grain boundaries in Al alloys [36-38]. Al-
though the segregation of Y to grain boundaries in Al has not been
reported directly to date, grain boundary segregation of a similar
rare-earth element, Ce, and complexion formation were observed
in a ternary nanocrystalline Al alloy [36]. Computational studies
have shown that pair-wise mixing enthalpies are negative in all of
the systems [39-41].

2.2. Materials fabrication

To synthesize the nanocrystalline alloys, powders of elemental
Al (Alfa Aesar, 99.97%, -100+325 mesh), Mg (Alfa Aesar, 99.8%, -
325 mesh), Fe (Alfa Aesar, 99.9%, -20 mesh), Ni (Alfa Aesar, 99.9%,
APS 2.2-3.0 micron), and Y (Alfa Aesar, 99.6%, -40 mesh) were first
ball milled for 10 h in a SPEX SamplePrep 8000M high-energy ball
mill using a hardened steel vial and milling media. All milling pro-
cesses were conducted in a glovebox filled with Ar gas and an oxy-
gen level lower than 0.05 ppm, in order to avoid oxidation dur-
ing milling. A ball-to-powder weight ratio of 10:1 was used with
3 wt.% stearic acid as a process control agent to prevent excessive
cold welding. As an initial test of each alloy’s thermal stability, the
as-milled powders were encapsulated under vacuum in quartz am-
pules and annealed at either 270 °C or 540 °C for 1 h in a tube
furnace (MTI International GSL-1100X-NT). Each sample was then
dropped into a water reservoir to quench as fast as possible.

For fabrication of bulk specimens, the as-milled powders were
loaded into a ~14 mm inner diameter graphite die and then con-
solidated into cylindrical bulk pellets using an MTI Corporation
OTF-1200X-VHP3 hot press. This system is comprised of a verti-
cal tube furnace with a vacuum-sealed quartz tube and a hydraulic
press. The powders were first cold pressed for 10 min under 100
MPa at room temperature to form a green body, and then hot
pressed for 1 h under 100 MPa at different temperatures to enable
densification, grain boundary segregation, and complexion forma-
tion. The hot pressing temperatures (Typ) used were 449 °C, 495
°C, 540 °C, and 585 °C, corresponding to 0.77Tp, 0.82Tp, 0.87Ty,
and 0.92Ty, respectively, where T, = 663 °C is the melting tem-
perature of pure Al [42]. The heating rate to reach the target Typ
was 10 °C/min. Finally, the pellets were naturally cooled down
to room temperature, which typically took more than 4 h. For
the investigation of microstructural features representative of the
high temperature state, one Al-Ni-Y pellet that was originally hot
pressed at 540 °C and then naturally cooled down to room tem-
perature was subsequently annealed again at 540 °C for 10 min.
This specimen was then very quickly quenched by being placed on
an Al heat sink sitting in liquid nitrogen, so that the high temper-
ature structure can be frozen in and studied. For the remainder of
the paper, the hot-pressed and then naturally cooled pellets will
be referred to as naturally cooled samples, while the annealed and
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subsequently quenched sample will be referred to as the quenched
sample.

2.3. Materials characterization

The cylindrical pellets were cut into two equal semi cylinders
using a low-speed diamond saw so that the cross-sectional plane
could be studied. All cross-sectional surfaces were first ground
with SiC grinding paper down to 1200 grit and then polished with
monocrystalline diamond pastes down to 0.25 um. For both pow-
ders and bulk pellets, X-ray diffraction (XRD) scans were collected
using a Rigaku Ultima III X-ray diffractometer with a Cu Ko ra-
diation source operated at 40 kV and 30 mA and using a one-
dimensional D/teX Ultra detector. Phase identification, grain size
analysis, and weight fraction calculation from XRD scans were all
carried out using Rigaku PDXL software, which is an integrated
powder X-ray analysis software package. Grain size measurements
were performed using the Halder-Wagner method [43] with a LaBg
calibration file used as an external standard, and weight fraction
calculation were performed via Rietveld refinement [44].

The density of each pellet was determined by imaging pol-
ished surfaces with a scanning electron microscope (SEM), follow-
ing ASTM standard, E 1245-03 [45]. For each sample, at least 30
images of different areas were taken for the density calculation
and Image] software [46] was used for image processing to obtain
the density for each image. The final density of each sample is an
average of the values obtained from different SEM images, and er-
ror bars are standard deviations from these measurements. SEM
imaging, energy-dispersive spectroscopy (EDS) measurements, and
back-scattering electron imaging were performed in an FEI Quanta
3D FEG dual-beam SEM/Focused lon Beam (FIB) microscope. Con-
ventional and scanning transmission electron microscopy ((S)TEM)
paired with EDS were used to examine the grain size and elemen-
tal distribution inside of a JEOL JEM-2800 S/TEM, which was op-
erated at 200 kV and equipped with a Gatan OneView IS camera
and two dual dry solid-state 100 mm? EDS detectors. TEM samples
were fabricated by using the FIB lift-out method [47] with a Ga*
ion beam in the FEI Quanta 3D FEG dual-beam SEM/FIB microscope
equipped with an OmniProbe. A final polish at 5 kV and 48 pA was
used to minimize the ion beam damage to the TEM sample.

Mechanical properties of the bulk alloys were investigated by
nanoindentation experiments using a Nano Indenter G200 (Agilent
Technologies). For each sample, at least 50 indentations were per-
formed with a maximum penetration depth of 400 nm and con-
stant indentation strain rate of 0.05 s~!. The distance between
the two nearest indents was 12 pum, which was approximately 30
times the penetration depth so that interference can be avoided
[48]. The final hardness value presented is an average of all tests
for each sample, and the error bars represent the standard devia-
tion.

3. Results and discussion
3.1. Sample density and thermal stability

The chemistry and structure of the as-milled powders were first
characterized, as well as the general stability of these alloy pow-
ders against grain growth. Table 1 lists the dopant concentration
measured by SEM-EDS for each system and the grain size of the Al-
rich face-centered cubic (FCC) phase obtained from XRD for both
as-milled and annealed powders. For the as-milled powders, Al-
Fe-Y and Al-Ni-Y exhibit similar grain sizes of 11 and 10 nm, re-
spectively, which are roughly half that measured for Al-Mg-Y (19
nm). After 1 h annealing at an intermediate temperature of 270 °C
(0.58Ty,), the measured grain size of all alloy systems remains un-
changed, indicating no grain growth at this temperature. When the
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Table 1
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Dopant compositions and XRD grain sizes of the Al-rich FCC phase for both as-milled and annealed powders. Two annealing temperatures
are investigated, one intermediate (270 °C) and one higher (540 °C). All annealing treatments were followed by water quenching.

Alloy EDS dopant concentration (at.%)  XRD grain size (nm)
Mg Fe Ni Y As-milled 270°Cfor1h 540°Cfor1h
Al-Mg-Y 2.1 0 0 22 19 19 39
Al-Fe-Y 1] 2.2 0 2.1 11 11 34
Al-Ni-Y 0 0 22 21 10 10 34
Typ= 449°C  495°C  540°C  585°C  (d)
- ; 100
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Fig. 1. Low-magnification cross-sectional SEM images for (a) Al-Mg-Y, (b) Al-Fe-Y, and (c) Al-Ni-Y pellets, fabricated by cold pressing as-milled powders at room temperature
and 100 MPa for 10 min, followed by subsequently hot pressing at Typ = 449 °C (0.77Ty,), 495 °C (0.82Ty,), 540 °C (0.87T},), or 585 °C (0.92T,;) and 100 MPa for 1 h, and
then naturally cooling down to room temperature. The inset value is the corresponding pellet density obtained based on ASTM Standard E 1245-03 [45]. (d) A comparison of
pellet density as a function of Typ between the three alloys. Data point for Al-Mg-Y with Typ = 400 °C is included, showing that a significant density increase with increasing
temperature also occurs for this alloy but at a lower temperature than the other two systems.

as-milled powders were annealed at a higher temperature of 540
°C (0.87T), modest grain growth was observed. Namely, the Al-
rich FCC grains in Al-Fe-Y and Al-Ni-Y both grow to 34 nm, while
those in Al-Mg-Y increase to 39 nm. Therefore, all three alloy sys-
tems show very small grain sizes for the as-milled powders and
thermal stability that is comparable or higher than other studies.
For example, Hanna et al. [49] reported that cryomilled Al-5083
alloy powders that were stabilized using diamantane molecular di-
amonds exhibited an average grain size of 22 nm in the as-milled
condition, which is twice as large as the as-milled Al-Fe-Y and Al-
Ni-Y powders here. The grain size of the Al-5083 powders roughly
remained the same or increased to ~52 nm after 1 h annealing at
300 °C or 500 °C, respectively, similar to the trend observed here
but indicating more growth.

The nanocrystalline powders were next consolidated into pel-
lets at different Typ. Four Typ values (449 °C, 495 °C, 540 °C,
and 585 °C) were investigated, and the corresponding pellets were
characterized by various techniques as detailed below. Fig. 1(a)-(c)
presents low-magnification cross-sectional SEM images with the
inset value being the corresponding pellet density. For the low-
est Typ (449 °C), the pellet densities of Al-Fe-Y and Al-Ni-Y are
very low (less than 40%) as there are few areas consolidated well
(darker contrast) on the sample surface. In contrast, the pellet den-
sity of Al-Mg-Y is much higher at ~90%. When Typ is raised to
495 °C, the density of Al-Mg-Y increases to 94.1%, while those of
Al-Fe-Y and Al-Ni-Y show a significant improvement from their
previously low values, reaching 95.1% and 93.8%, respectively. The
substantial increase in the density of consolidated pellets from
Typ = 449 to 495 °C is an example of activated sintering that we
hypothesize can be attributed to amorphous complexions form-
ing and allowing for enhanced diffusion. For example, Luo and
Shi [50] performed computational studies and predicted that the
amorphous complexions can form in a temperature range of 0.6-
0.85 of the bulk solidus temperature. Subsequently, Luo and col-
leagues [25,51,52] confirmed these predictions by using high reso-

lution TEM to reveal the existence of amorphous complexions well
below the bulk eutectic temperature in various systems, which
are responsible for activated sintering. In another study, Donald-
son and Rupert [26] reported a dramatic increase in the density at
850 °C (~0.83 of the melting temperature of pure Cu) for a Cu-
4 at% Zr alloy, which coincides with the formation of amorphous
complexions as observed using high resolution TEM. In the present
study, the significant increase in pellet density for both Al-Fe-Y and
Al-Ni-Y also occurs within a homologous temperature range from
0.77T;;, to 0.82T;,, and is most likely associated with amorphous
complexion formation, a hypothesis which will be tested directly
in Section 3.2. The lower onset temperature for activated sinter-
ing in the Al-Mg-Y system suggests the important role of alkaline-
earth/transition metal element choice in controlling density evo-
lution during consolidation. With further increase in hot pressing
temperature, all three systems show similar values and reach fully
dense (with a density > 99%) by Typ = 585 °C.

For better visualization of the pellet density evolution, density
as a function of Typ is presented in Fig. 1(d). From Tpp = 449 °C
to 585 °C, the density of Al-Mg-Y increases approximately linearly
with a slope of ~ 0.07%/°C, while the density of Al-Fe-Y and Al-
Ni-Y more than doubles from 449 °C to 495 °C and then follows a
similar trend as that of Al-Mg-Y at higher Typ. To check whether
the Al-Mg-Y system shows a significant density increase for a cer-
tain Typ range, a lower Typ of 400 °C was investigated and its cor-
responding pellet density is also shown Fig. 1(d). The pellet density
of Al-Mg-Y with Typ = 400 °C is 38.3%, similar to those of Al-Fe-Y
and Al-Ni-Y using Typ = 449 °C. Therefore, the Al-Mg-Y system also
exhibits a dramatic density increase within a certain Typ range but
at a lower hot pressing temperature than Al-Fe-Y and Al-Ni-Y. This
indicates the importance of the alkaline-earth/transition metal ele-
ment in controlling the chemical and structural nature of the grain
boundary region, and ultimately in governing consolidation behav-
ior.
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Fig. 2. Mean grain size of the Al-rich FCC phase, as measured by XRD, as a function
of Typ for Al-Mg-Y, Al-Fe-Y, and Al-Ni-Y pellets. Al-Mg-Y exhibits a slightly larger
grain size than the other two alloys for all Typ values. However, all grain sizes re-
main well below 60 nm, even for the highest Typ (585 °C).

After verifying that all systems can be consolidated into fully
dense bulk pieces, the next step is to evaluate the resulting grain
size and its evolution during consolidation. Fig. 2 presents the XRD
grain size of the Al-rich FCC phase as a function of Typ, which
shows that for all three alloys, the size of the matrix grains in-
creases monotonically with higher Typ. The smallest average grain
sizes are in the range of ~20-30 nm, while the largest average
grain size values are ~45-55 nm. Among the three systems, Al-
Mg-Y exhibits a slightly larger grain size than the other two al-
loys for all temperatures. However, the fact that all three systems
still retain relatively small nanocrystalline grain sizes even after
hot pressing at 0.92T, signals exceptional thermal stability of the
alloy systems in their bulk form. Due to the large driving force
for grain coarsening, nanocrystalline alloys that exhibit nanosized
grains in a powder form tend to grow into the ultrafine regime
along the processing pathway to bulk form that involves high tem-
perature and/or pressure. For instance, Sasaki et al. [53] employed
mechanical alloying and spark plasma sintering under a load of 35
kN at 480 °C to fabricate a bulk Al-Fe alloy. In their study, whereas
the average size of the Al-rich FCC grains of the as-milled powders
was 26 nm, the sintering process caused some of the Al grains to
coarsen to the 0.5-1 um regime, although some nanoscale grains
still persisted with a mean size of 76 nm. In the present study,
all of the ternary alloys investigated maintain their nanostructure
throughout all stages of processing, from powder milling to consol-
idation of bulk samples, which is presumably a direct consequence
of the segregation-mediated grain boundary states.

TEM was next used to confirm the nanocrystalline grain struc-
tures in a subset of samples. Fig. 3(a) presents representative
bright field TEM micrographs for the highest Typ along with the
cross-sectional optical images of the corresponding bulk pieces.
The TEM images confirm the nanocrystalline nature of the alloys
and show equiaxed grain shapes. The cross-sectional optical im-
ages present the bulk size of the pellets, with diameters of ~1.4
cm and heights of ~0.5-0.7 cm after polishing. Fig. 3(b) shows two
optical images of one as-consolidated pellet before polishing, the
height of which is ~1.3 cm. TEM measurements of grain sizes were
performed by using both bright-field TEM and high-angle annular
dark-field (HAADF) STEM micrographs, with care taken to exclude
intermetallic grains. For each pellet, at least 100 FCC grains were
measured, and the cumulative distribution functions for grain sizes
in each alloy are shown in Fig. 3(c). All systems exhibit grain sizes
that range from approximately 20 to 100 nm. The average grain
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sizes of the Al-rich FCC phase for Al-Mg-Y, Al-Fe-Y, and Al-Ni-Y, are
58419 nm, 54417 nm, and 57+16 nm, respectively, all of which
are close to the values obtained from XRD. The grain size distribu-
tions are all well-described by a log-normal distribution, meaning
that no abnormal grain growth was detected.

Overall, Figs. 1, 2, and 3 show that all three alloys were success-
fully fabricated into bulk pieces with both small grain size (<60
nm) and high density (>99%). Fig. 4 shows a comparison of the
grain size and pellet density between the Al alloys created in this
study and other Al-rich alloys from the literature, with specific
examples discussed below. Le et al. [54] used spark plasma sin-
tering to fabricate fully recrystallized Al samples with a diameter
of 20 mm and a height of approximately 4 mm. The size of the
smallest grain was 0.8 pm and the sample density is ~99%. Fu-
rukawa et al. [55] employed equal-channel angular pressing and
torsion straining separately to a bulk Al-Mg solid solution alloy,
which resulted in average grain sizes of 200 nm and 90 nm, re-
spectively. By consolidating chemically synthesized nanocrystalline
Al powders, Haber and Buhro [56] obtained samples with various
density and grain size combination, among which the highest den-
sity of 95% had a corresponding grain size of 200 nm. Topping
et al. [57] performed quasi-isostatic forging on cryomilled Al-Mg
powders and obtained fully dense disks that were ~20 mm thick
and 250 mm in diameter. The average grain sizes were 194 nm,
259 nm, and 336 nm for forging temperatures of 250 °C, 350 °C,
and 450 °C, respectively. Compared to the studies discussed above
where achieving grain sizes below 100 nm was elusive, the present
work shows bulk pieces with a combination of much smaller grain
size (<60 nm) and higher density (>99%). Moreover, a much sim-
pler processing route that requires less equipment (only a high-
energy ball mill and a hot press) and energy, and is innately scal-
able, is employed. For example, it requires much less energy and
pressure to hot press versus torsion straining under a pressure of
~5 GPa to a torsional strain of ~7, as reported in Ref. [55]. The key
to the exceptional combination of density and grain size is the al-
loy selection and judicious processing pathways that promote grain
boundary enrichment and the formation of amorphous complex-
ions, which suggest that simple yet effective processing route can
be adopted by choosing proper dopants (Section 2.1). To verify the
existence of these interfacial structures, the local grain boundary
environment is investigated in the next section.

3.2. Grain boundary chemistry and structure

Although all dopant species were chosen because they were ex-
pected to segregate to grain boundaries, this hypothesis is tested
by investigating the spatial distribution of dopants. The pellets
with the lowest Typ were first selected for study, before moving on
to higher Typ. Fig. 5 shows HAADF STEM images corresponding to
the lowest Typ, along with elemental maps from the same region.
The grain boundaries can be identified in the HAADF STEM image
itself and corroborate previously measured grain sizes, but addi-
tional confirmation of their locations is provided by the elemental
map of Ga (introduced during the preparation of TEM samples),
as Ga atoms are known to segregate to grain boundaries in Al al-
loys [58]. For each system, the distribution of dopant atoms is not
uniform, and in all three system both dopant species tend to segre-
gate to the same regions where the concentration of Ga is elevated.
Therefore, we can confirm that co-segregation occurs in each al-
loy system. Experimentally, Pun et al. [37] observed that Mg atoms
depleted in the crystal interior and enriched at grain boundaries
in ball milled nanocrystalline Al-Mg powders, while Balbus et al.
[17] reported segregation of both Ni and Ce atoms to grain bound-
aries in a sputtered nanocrystalline Al-Ni-Ce film. Computationally,
Babicheva et al. [59] performed molecular dynamics simulations
and showed grain boundary segregation of Fe in a nanocrystalline
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Fig. 3. (a) Bright-field TEM micrographs and cross-sectional optical images of pellets for Al-Mg-Y, Al-Fe-Y, and Al-Ni-Y made with the highest Typ (585 °C). (b) Optical images
of one as-consolidated pellet before polishing. (c) Cumulative distribution functions of grain sizes for the Al-rich FCC phase, as measured by TEM, for the highest Typ. The
average TEM grain sizes are measured to be 58 + 19 nm, 54 4+ 17 nm, and 57 + 16 nm for Al-Mg-Y, Al-Fe-Y, and AI-Ni-Y, respectively, which are consistent with the XRD

measurements.
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Fig. 4. Comparison of TEM grain size versus bulk density between the three Al alloys

in the present study, with Al and Al-rich alloys reported by other work included

for reference. For the present Al alloys, only the samples after the appearance of activated sintering are shown. In general, all three alloys studied here show a superior
combination of small grain size and high bulk density. The horizontal and vertical dashed lines mark a grain size of 100 nm and 99% pellet density, respectively.

Table 2

Pair-wise mixing enthalpy between the elements investigated in the present study and the atomic radius of each element

(shown in parentheses).

Element Al (ry = 143 A [30]) Mg (rwg = 1.60 A [30])  Fe (ree = 128 A [30])  Ni (ry; = 128 A [30])
Al N/A -2 kJ/mol [39] -11 kJ/mol [41] -22 kJ/mol [41]
Y (ry = 1.80 A [31])  -38 kJ/mol [39] -6 kJ/mol [39] -1 kJ/mol [40] -31 kJ/mol [39]

Al-rich binary alloy. In the present work, even though all dopant
species segregate to grain boundaries, the extent to which each el-
ement segregates varies. Y strongly segregates to the grain bound-
aries in all systems and Mg appears to segregate more strongly
than Fe and Ni. The strong segregation of Y is reasonable since the
atomic radius of Y atoms is much larger than those of all other
elements [60], meaning that Y atoms will prefer locations with a
higher free volume such as the grain boundary region. The stronger
segregation tendency of Mg than the other two transition metal el-
ements is consistent with the calculations of Murdoch and Schuh
[15] showing that the segregation enthalpy of Mg in Al is more
positive than that of Fe or Ni in Al, and therefore Mg should be a
stronger segregant in an Al matrix phase. In addition, the pair-wise

mixing enthalpy between Mg and Y is negative (Table 2), suggest-
ing that Mg atoms also like to be next to Y atoms. These syner-
gistic effects in segregation and co-segregation tendencies for the
alkaline-earth and transition metal elements in the ternary Al al-
loys could provide an explanation for the earlier onset temperature
for activated sintering in Al-Mg-Y as compared with Al-Fe-Y and
AI-Ni-Y.

In the present study, the dopant species were selected to pro-
mote grain boundary segregation in service of forming amorphous
complexions once the boundaries were chemically enriched. There-
fore, the next step is to examine the grain boundary structure in
detail, and the AI-Ni-Y pellets are chosen for more in-depth inspec-
tion. From Fig. 1, the temperature required for amorphous com-
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Fig. 5. HAADF-STEM micrographs and the corresponding EDS elemental mapping of dopant atoms for Al-Mg-Y, Al-Fe-Y, and Al-Ni-Y pellets with the lowest Typ (449 °C).
The distribution of all dopant atoms is consistent with that of Ga atoms, which are known to segregate to interfaces in Al and are therefore used for identification of grain

boundary locations.

plexion formation for Al-Ni-Y is hypothesized to be between 449
°C to 495 °C, corresponding to a homologous temperature range
between 0.77T; to 0.82Ty, as the density increased more than
two orders of magnitude within this regime, so two Typ values
above the observation of activated sintering were selected (495
and 540 °C). Amorphous complexions were indeed observed in
naturally cooled samples consolidated at these temperatures, with
these features outlined by dashed lines in Fig. 6(a) and (b) show-
ing two representative amorphous complexions for each Typ. Care
was taken to ensure that the grain boundary region was viewed
in an edge-on condition by confirming that the complexion thick-
ness does not vary in both under- and over-focused imaging condi-
tions [61]. These images clearly demonstrate the disordered nature
of the complexions and the crystalline structure of grains (denoted
“G1” and “G2” in Fig. 6) adjacent to the complexions. The thickness
of the amorphous complexions shown here is ~2-3 nm, although
variations from boundary-to-boundary have been reported in pre-
vious work [23,27,62] and would be expected in our alloys as well.
However, a detailed description of the thickness distribution is not
the focus of the present study.

The existence of the amorphous complexions in the naturally
cooled sample (cooled over ~4 h) further verifies the robust al-
loy selections in the present study, as fast quenching is typi-
cally required to kinetically freeze the high-temperature interfa-
cial structures [62]. Although amorphous complexions are stable
at high temperatures, they would be metastable at room temper-
ature and therefore could transform back to an ordered state dur-
ing a slow cooling process, similar to the crystallization behavior
of metallic glasses. In the metallic glass community, early fabrica-
tion techniques involve rapid solidification methods with charac-
teristic cooling rates in the range of 103-108 K/s so that crystal-
lization could be avoided. The resistance to nucleation and growth
of crystalline phases in an undercooled melt has been related to
the glass forming ability of the materials by Turnbull [63], and
metallic glasses with good glass forming ability can remain amor-
phous even under very low cooling rates. Examples of good metal-

lic glasses include Zry,Tij35Cuqs5NijgoBeys s with a critical cool-
ing rate of 10 K/s or less [64], MggsCuy5Gd;g with a critical cooling
rate of ~1 K/s [65], and Pd43NigCuy3Py¢ with a critical cooling rate
of 0.4 K/s [66]. The finding of relatively stable amorphous com-
plexions in the present Al-rich ternary alloy systems is consistent
with the prior report of Grigorian and Rupert [27], where the crit-
ical cooling rate for amorphous-to-ordered complexion transition
in a ternary (Cu-Zr-Hf) Cu-rich alloys was found to be much lower
than that for a comparable binary (Cu-Zr) alloy. In the present
study, the critical cooling rate for the Al-rich ternary systems is
evidently even slower than that for the Cu-Zr-Hf in Ref. [27] since
amorphous complexions still exist within the Al alloys even after
a cooling rate of 0.1 K/s. Similar observation has also been made
in an Al-Ni-Ce nanocrystalline alloy, where amorphous complex-
ions still remained after slowly cooling over the course of 2-3 h
from annealing at 200 °C, 325 °C, or 380 °C [17]. Compared to the
Cu-Zr-Hf alloy, where the dopant atoms had similar sizes, the in-
creased stability is likely due to the large atomic mismatch for all
elements in the present Al alloys as well as the materials probed
in Ref. [17]. Therefore, proper selections of microalloying elements
may not only improve the material properties while retaining the
amorphous complexions, but also reduce the fabrication cost since
expensive quenching steps can be avoided to keep the amorphous
complexions.

Since amorphous complexions are high-temperature structures
and their thickness generally tends to decrease during slow cool-
ing, the complexions shown in Fig. 6 could have been thicker un-
der the high-temperature consolidation and then shrank during
the naturally cooling process. To test this hypothesis, one Al-Ni-Y
pellet that was made with Typ = 540 °C and naturally cooled down
to room temperature was annealed again at 540 °C for 10 min.
Subsequently, the pellet was placed on an Al cooling block as soon
as possible with the bottom part of the block submerged in a large
reservoir of liquid nitrogen, as shown in Fig. 7(a). Therefore, the
surface contacting the Al block was very rapidly quenched, freez-
ing in any structures that were in equilibrium at high temperature.
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Ty;p = 495 °C

Fig. 6. High resolution TEM micrographs of representative amorphous complexions in Al-Ni-Y pellets that were naturally cooled to room temperature after hot pressing. Two
Typ values, (a) 495 °C and (b) 540 °C, above the observation of activated sintering are shown here. The amorphous complexions are outlined by yellow dashed lines while
adjacent grains are denoted by “G1” and “G2".

Liquid nitrogen

Fig. 7. (a) Setup for quenching a pellet specimen. A pellet consolidated at Typ = 540 °C was subsequently annealed at 540 °C for 10 min, and then one half pellet was placed
on an Al block submerged in liquid nitrogen as soon as possible so that high-temperature microstructures can be frozen in to be studied. (b) and (c) show high resolution
TEM micrographs of two representative amorphous complexions observed in the quenched Al-Ni-Y pellet. The amorphous complexions are outlined by yellow dashed lines
while adjacent grains are denoted by “G1” and “G2".
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Fig. 8. (a)-(d) Bright-field TEM micrographs and the corresponding magnified image showing the evolution of nanorods in naturally cooled Al-Ni-Y pellets with increasing
Typ. For Typ = 449 °C, the microstructure only consists of nanocrystalline grains with a size of ~20 nm, consistent with the XRD measurement. For higher Typ, nanorods
(indicated by red arrows) begin to form at grain boundaries. The length of the nanorods increases from ~10-20 nm for Typ = 495 °C to ~50 nm for Typ = 585 °C.

Fig. 7(b) and (c) show high resolution TEM images of two represen-
tative amorphous complexions taken from this rapidly quenched
sample. Compared to the naturally cooled sample with the same
Typ shown in Fig. 6(b), the quenched sample exhibits much thicker
amorphous complexions. The two examples shown in Fig. 7(b) and
(c) are ~9 and ~7 nm thick, respectively, and the 9 nm is on the
order of the thickest example as observed in a Cu-Zr-Hf alloy [27].
The observation of thicker complexions after quenching confirms
that they evolve during slow cooling [67].

3.3. Multi-scale precipitates

The amorphous complexions observed in the alloys are re-
stricted to nanoscale-thickness films along the grain boundaries.
Inspection with TEM shows that additional microstructural fea-
tures with nanoscale dimensions and elongated shapes also exist,
which will be termed nanorods here. Above a critical Typ, nanorods
begin to form in all alloy systems. The evolution of these nanorods
in the AI-Ni-Y system is shown in Fig. 8 as a representative exam-
ple of the three alloys, as similar observations were found for both
Al-Mg-Y and Al-Fe-Y. Fig. 8 presents two sets of bright field TEM
micrographs for each Typ value, with the top row showing the lo-
cation of these nanorods (indicated by red arrows) and the bottom
row showing higher magnification views so that the dimension of
these nanorods can be clearly seen. At Typ = 449 °C (Fig. 8(a)),
no nanorods are observed either in the grain interior or at grain
boundaries. We note that the FCC grain size is approximately 20
nm, confirming the XRD result in Fig. 2. As Typ is raised to 495
°C (Fig. 8(b)), nanorods begin to form at grain boundaries with a
length of ~10-20 nm and width of a few nanometers. When Typ
is further increased to 540 °C, the size of these nanorods increases
to a length of 20-30 nm and width of ~3-5 nm. The nanorods be-
gin to form at grain boundaries and are first observed in these re-
gions, but are not restricted by the adjacent grains. This can be
seen in Fig. 8(c), where the nanorod enclosed by the yellow square
grows into an adjacent grain in the magnified view. This behavior
is very different from amorphous complexions that are restricted
along grain boundaries, and a detailed comparison between the
nanorods and amorphous complexions will be discussed below. Fi-

nally, at the highest Typ of 585 °C (Fig. 8(d)), the nanorods grow
to ~50 nm in length, while the width stays below 10 nm. There-
fore, with higher Typ, the size of these nanorods increases. As the
nanorods grow, more and more of them extend into the grain in-
terior. It should be noted that since no preferred crystallographic
textures exist in the present alloy systems, these nanorods most
likely orient randomly. In addition, the rod-like shape is the only
one observed for dozens of features investigated across the multi-
ple alloys and samples.

High resolution TEM was next used to investigate the internal
structure of the nanorods. Fig. 9(a) shows a high resolution TEM
micrograph of one nanorod located at a grain boundary in Al-Ni-
Y with Typ = 585 °C. The different lattice fringes on each side
of the nanorod indicate that these regions correspond to two dif-
ferent grains and therefore this nanorod is located along a single
grain boundary. Fast Fourier transform (FFT) diffractograms were
performed on three enclosed areas in Fig. 9(a), with two of the ar-
eas being within the adjacent grains while the other area including
both one grain interior and the nanorod. We note that the width
of the nanorod is too small in this case to only select that region,
as selection of a smaller region results in an FFT diffractogram
with poor resolution. The FFT diffractograms corresponding to the
grain interior (Fig. 9(b) and (d)) show different diffraction patterns,
indicating two grains with different orientations, whereas no ex-
tra diffraction spots are observed within Fig. 9(c) relative to that
from Fig. 9(d), suggesting that the nanorod is amorphous. To clarify
whether the nanorods formed during the naturally cooled process-
ing route or already existed from the high temperature consolida-
tion, the annealed and quenched Al-Ni-Y pellet is examined, with
a representative bright field TEM micrograph shown in Fig. 9(e).
Similar to the naturally cooled sample, nanorods are observed at
grain boundaries (indicated by red arrows). However, compared
to the slowly cooled sample, the dimension of these nanorods is
much larger with lengths of ~50-100 nm and widths of ~10 nm
(compared to lengths of 20-30 nm and widths of ~3-5 nm in the
naturally cooled sample described above). Fig. 9(f) is a high res-
olution TEM micrograph of one nanorod in the quenched sample,
where one area entirely within the nanorod interior is enclosed
and its corresponding FFT diffractogram is presented in Fig. 9(g).
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Fig. 9. (a) High resolution TEM micrograph of one nanorod observed in a naturally cooled Al-Ni-Y pellet with the highest Typ (585 °C). Two areas in the adjacent grains and
one area including both part of a grain and the nanorod interior are marked, with the corresponding FFTs shown in (b)-(d). The FFTs for the two grains in (b) and (d) show
different diffraction spots, indicating that they are two different grains. No extra diffraction spots were observed in (c) compared to (d), suggesting that the nanorod has an
amorphous structure. (e) Bright-field TEM micrograph taken from an annealed and quenched Al-Ni-Y pellet, where examples of nanorods are indicated by red arrows. The
nanorods have a length of ~100 nm after annealing and quenching. (f) High resolution TEM image of one nanorod in the annealed and quenched sample with (g) an FFT
taken from an area fully within the nanorod being enclosed. No diffraction spots are observed, confirming the disordered interior of the nanorods.

This FFT image provides clear evidence that the nanorod is amor-
phous, as no diffraction spots are observed. Therefore, in both the
naturally cooled and quenched samples, nanorods form at grain
boundaries, with the size in the quenched sample larger than that
in the naturally cooled sample, suggesting that the time allowed
during natural cooling shrinks these features. The nanorods share
several similar characteristics with the amorphous grain boundary
complexions (Figs. 6 and 7). First, both nucleate at grain bound-
aries once they are chemically enriched owing to segregation of
the alloying species. Second, both the nanorods and amorphous
complexions have disordered structures. Finally, the dimensions of
both are smaller in the naturally cooled state than in the quenched
state, suggesting that both structures prefer a larger equilibrium
size at higher temperature. However, there is also a major differ-
ence between the nanorods and amorphous complexions. Unlike
the amorphous complexions, which remain strictly bounded by ad-
jacent crystalline grains, some of the nanorods grow into the grain
interior (Fig. 8).

Since the various grain boundary structures observed here pre-
sumably are formed due to grain boundary segregation of dopant
elements, the distribution of dopant atoms is next studied. STEM-
EDS was performed on the three alloys with Typ = 540 °C, and
the corresponding elemental mapping is presented in Fig. 10. The
HAADF images in the first column show that nanorods are abun-
dant in each alloy, and that their size is similar for all three al-
loys. In addition, the edges of nanorods appear much brighter than
both the nanorod interior and Al matrix, suggesting that the edge
should be rich in heavier elements since HAADF intensity is pro-
portional to atomic number. The mapping of Ga can again be used
for visualization of the interface between the nanorods and ma-
trix. The corresponding mapping reveals that Al atoms are depleted

10

at the nanorod edge, while the concentration of Y atoms is sig-
nificantly higher. The distribution of the alkaline-earth/transition
metal dopants (Mg, Fe, or Ni) does not appear to be closely aligned
with the nanorods in a discernable way, as Fe and Ni atoms are
uniformly distributed within these EDS maps while small clusters
of Mg atoms are observed. The Mg clusters are consistent with
clustering of O atoms (not shown). Nanoscale dopant aggregation
has been observed previously in Al alloys. For example, Liddicoat
et al. [68] employed atom probe tomography to investigate the mi-
crostructure responsible for outstanding mechanical properties of
a 7075 Al alloy processed by high-pressure torsion. Dopant atoms
(Zn, Mg, and Cu) were found to segregate to grain boundaries in
the form of two types of characteristic morphologies - the first
one is a point-like “nodal” arrangement, and the second one is
one-dimensional “lineal” structure. The lineal structure described
by these authors has a length and diameter of ~ 17.5 nm and 4.4
nm, respectively, which are comparable to the dimensions of the
nanorods in the present study. However, in contrast to Ref. [G8],
the interior of the nanorods in the present study shows enrich-
ment of elements different from that on the edge, as Al and C el-
ements clearly segregate into the nanorod interior. The C in the
system likely comes from the addition of stearic acid during ball
milling and can be considered as an unintentional impurity. There-
fore, the nanorods have a core-shell structure with the core com-
posed of Al and C and the shell being Y-enriched.

Due to the small dimensions and disordered structure, neither
the amorphous complexions nor core-shell nanorods are detected
by XRD scans. However, XRD measurements do show that sec-
ondary phases emerge for all alloys during hot pressing, with their
weight fraction as a function of Typ is shown in Fig. 11. For all
alloy systems, the secondary phases for the lowest Typ are dif-
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Fig. 10. HAADF-STEM micrographs and the corresponding EDS elemental mapping for Typ = 540 °C showing the chemistry of the nanorods in all three alloys. The edge of
the nanorods appears much brighter than the nanorod interiors and matrix, suggesting enrichment in heavier-elements. The map of Ga atoms is provided to help identify
interfaces, which in this case are primarily the edges of the nanorods. In all three alloys, the concentration of Y atoms is consistent with the map of Ga atoms, while Fe and
Ni are uniformly distributed in the whole area. Some Mg atoms form small clusters, which are consistent with the clustering of O atoms (not shown). Al and C atoms are

found to primarily constitute the nanorod interiors.
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Fig. 11. (a) Weight fraction of secondary phases in each alloy, as measured from XRD and presented as a function of Typ. (b) Selected area diffraction patterns from TEM
corresponding to the highest Typ, to verify the primary and secondary phases identified with XRD.

ferent from those at higher temperatures. For Typ = 449 °C, all
three alloys contain a small amount of yttrium hydrides, while
Al-Fe-Y and AI-Ni-Y also contain binary intermetallic phases com-
prised of Al and the transition metal dopant. The hydride phases
are likely formed during ball milling, due to the stearic acid con-
tamination. When Typ was raised to 495 °C and above, a single
secondary phase dominates and grows in each alloy, which is Al5Y,
AljgFe,Y, or AligNisYs3 for the Al-Mg-Y, Al-Fe-Y, or Al-Ni-Y system,
respectively. The XRD crystallite size of these intermetallic phases
increases from a range of ~10-30 nm for Typ = 495 °C to ~30-
70 nm for Typ = 585 °C, while the weight fraction for the highest

1

Typ reaches 11.0%, 23.2%, and 24.3% for Al3Y, AljgFe,Y, AligNisYs,
respectively. The different intermetallic phase in each system is
consistent with the pair-wise enthalpy of mixing listed in Table 2.
Overall, AI-Mg-Y has the least driving force to incorporate Mg into
the intermetallic phase since AH?HI&Y [39] is much more nega-
tive than AH’;I;(Mg [39] and AHmfx’Y [39], while the pair-wise en-
thalpies between Al and the dopant elements are more comparable
in the other two alloy systems. Moreover, the grain boundary seg-
regation tendency of Mg is stronger than that of Fe and Ni (Fig. 5),
so fewer Mg atoms are available to potentially form intermetallic
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Fig. 12. (a)-(c) Cross-sectional backscattered electron (BSE) images of intermetallic particles with different Typ values for the three alloys, where only one intermetallic phase
dominates and grows in each alloy. For Typ = 495 °C, one magnified BSE image is also presented for each alloy to more clearly show the shape of the intermetallic phases.

phases. Fig. 11(b) presents TEM selected area diffraction patterns
for the highest Typ (585 °C), where the existence of all secondary
phases from XRD is verified.

The intermetallic grain sizes measured by XRD are on the or-
der of tens of nanometers, comparable to the Al-rich FCC phase,
but this technique can only be used to accurately measure crys-
tal size for nanoscale features and it is possible that larger pre-
cipitates are present (where XRD peak broadening would be un-
detectable). To understand the overall size distribution and spa-
tial distribution of these intermetallic phases, backscattered elec-
tron (BSE) imaging is employed. Fig. 12 presents BSE micrographs
corresponding to Typ from 495 °C to 585 °C, where a single in-
termetallic phase dominates in each alloy. For Typ = 495 °C, mag-
nified BSE images are also shown for more clear visualization of
the shape of intermetallic phases, which are particles consisting
of multiple grains. Due to the relatively higher effective atomic
number, the intermetallic phases appear brighter in the BSE mi-
crographs, while the darker area corresponds to the Al matrix. The
morphology of the intermetallic phases varies for the different al-
loys. In Al-Mg-Y, the Al3Y phase are very fine dispersed particles
with a diameter on the order of tens to a few hundred nanome-
ters. This is consistent with the observation made by Foley et al.
[69] that the average size range of Al3Y particles is 20-100 nm
in Al-Y alloys produced by a rapid solidification processing tech-
nique. In Al-Fe-Y, the AlgFe,Y particles also exhibit an equiaxed
shape but with a slightly larger size compared to AlsY particles
in Al-Mg-Y. In contrast, the Al;gNisY3 particles in the Al-Ni-Y are
needle-shaped. Li et al. [70] also reported the existence of a rod or
plate-like metastable Al;gNisY3 phase formed in an AI-Ni-Y alloy,
showing that the Al;gNisY3 phase can form either during quench-
ing from the liquid state at a lower cooling rate or from crystal-
lization of amorphous alloys. Since the highest Typ in the present
study is still below the melting temperature, it is possible that
some AljgNisY3 particles are a result of crystallization of amor-
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phous regions, such as the amorphous complexions that our Al al-
loys host.

When Typ increases, some intermetallic particles grow with the
largest diameter being approximately 5 pm. However, most of the
intermetallic particles remain small with sizes of a few hundred
nanometers, and the shape of the intermetallic particles does not
change with increasing Typp. Fig. 13 shows cumulative distribu-
tion functions of the intermetallic particle size for all three al-
loys. For Al-Mg-Y, the whole distribution shifts to larger particle
size with increasing Typ, while the curve corresponding to Al-Fe-Y
also moves to larger size regime but to a lesser extent. In contrast,
for AI-Ni-Y, only the extreme large tail of the distribution shows
change as Typ increases, indicating that only a few Al;gNisY3 parti-
cles grow while most of the particles remain the same size. There-
fore, the intermetallic particle size is more stable in Al-Ni-Y than
in Al-Mg-Y and Al-Fe-Y. Even though the average sizes of these
intermetallic particles are only a few hundred nanometers, they
are much larger than the grain size of the Al rich FCC phase. For
nanocrystalline alloys, a kinetic approach to stabilizing grain size
is by pinning the grain boundaries using precipitates, which is of-
ten referred to as Zener pinning [71]. According to Zener pinning
theory, the maximum diameter of pinning particles that are effec-
tive for stabilizing grains is d = (3/4)Def, where D is the grain size
and f is the volume fraction of pinning particles [72]. Since the
volume fraction of pinning particles cannot be larger than 1, parti-
cles with a size comparable and/or much smaller than the matrix
grain size should be effective in limiting grain growth. For exam-
ple, Praveen et al. [73] fabricated a nanocrystalline CoCrFeNi high
entropy alloy by mechanical alloying and spark plasma sintering,
which exhibited high thermal stability after annealing at 900°C for
600 h. One of the dominant factors contributing to the good ther-
mal stability in Ref. [73] was the Zener pinning effect from fine Cr-
rich oxide precipitates with a size of approximately 30 nm, much
smaller than the FCC matrix grains with an average size of 130
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are presented for the three highest Typ values, where only one intermetallic phase dominates and grows in each alloy.

Table 3
Hardness values measured
from nanoindentation  tests

for Al-Mg-Y, Al-Fe-Y, and Al-
Ni-Y pellets with the highest
hot  pressing  temperature
(Typ = 585 °C) and then
naturally cooled down to room
temperature.

Alloy Hardness (GPa)

Al-Mg-Y
Al-Fe-Y
Al-Ni-Y

2.77 £ 0.12
218 £0.15
2.29 £ 0.16

nm. In contrast, in the present study, the intermetallic particles
are much larger than the Al matrix grains, so it is unlikely that
these intermetallic particles contribute significantly to stabilizing
the nanosized grains.

3.4. Mechanical behavior of nanocrystalline Al with hierarchical
reinforcements

A hierarchical microstructure (including amorphous complex-
ions, nanoscale amorphous core-shell precipitates, and intermetal-
lic particles with sizes of a few hundred nanometers) was observed
within the bulk nanocrystalline alloys studied here, which we hy-
pothesize will give rise to excellent mechanical properties. To test
this, nanoindentation tests were employed and Table 3 lists the
hardness values for all three bulk alloys consolidated at Typ = 585
°C and then naturally cooled to room temperature. The Al-Mg-Y
system exhibits the highest hardness of 2.77 + 0.12 GPa, while Al-
Fe-Y and Al-Ni-Y show slightly lower but still high hardness val-
ues of 2.18 + 0.15 GPa and 2.29 + 0.16 GPa, respectively. There-
fore, even though Al-Mg-Y has a slightly larger Al matrix grain size
than the other two alloys, it exhibits the highest hardness. Sev-
eral studies showed that the Hall-Petch relation is not applicable to
nanocrystalline materials with grain sizes smaller than ~10-20 nm
because the grains are too small to support conventional intragran-
ular dislocation plasticity [74]. However, the average grain size of
the pellets with Typ = 585 °C is approximately 50 nm, which falls
into the regime where the traditional Hall-Petch effect would still
be expected to be operative. This suggests that other mechanisms
in addition to grain size strengthening play an important role in
increasing the strength of Al-Mg-Y. Xue et al. [75] observed a high
density of growth twins in nanocrystalline Al-Mg thin films fabri-
cated by DC magnetron sputtering, reporting that the strengthen-
ing effect from incoherent twin boundaries was equivalent to that
from high-angle grain boundaries. Therefore, the higher hardness
for AI-Mg-Y could possibly come from nanoscale twin boundaries.
While we did not observe nanotwins in our microstructures, it is
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Fig. 14. Comparison of hardness values of the Al alloys from the present study
(solid bars without patterns) with other literature reports (transparent bars with
cross or line patterns), where the Al-Mg-Y shows the highest hardness of 2.77 GPa.
For the present study, data corresponding to the highest Typ (585 °C) are shown.
The value on top of each bar represents the corresponding average grain size, and
“N/A” indicates that the grain size was not reported for that alloy in the associated
reference.

difficult to unequivocally rule out their existence in limited quan-
tities. In addition, the different intermetallic phase in each system
may also contribute to the various hardness values.

A comparison of hardness values of Al alloys from both the
present work and other studies from the literature is shown in
Fig. 14. In general, all three of our alloys fabricated via a sim-
ple powder metallurgy approach exhibit hardness comparable to or
higher than the other Al alloys, which range from nanocrystalline
to micron-sized grains synthesized using different techniques. In
fact, the Al-Mg-Y alloy in this work is the absolute hardest at 2.77
GPa. Youssef et al. [76] employed an in-situ mechanical alloying
consolidation technique to fabricate a single-phase nanocrystalline
Al-5 at.% Mg with a reported average grain size of 26 nm and hard-
ness of 2.30 + 0.19 GPa. That hardness value is four times higher
than a conventional polycrystalline Al 5083 alloy with an average
grain size of 5.5 um and hardness of 0.57 GPa, which was mainly
attributed to grain size refinement in Ref. [76]. Compared to the
present ternary Al-Mg-Y with Typ = 585 °C, the hardness of the
binary Al-Mg is significantly lower even though that material had
a smaller grain size (as no high temperature was involved during
the consolidation process).

The improved strength of the Al-Mg-Y presented in this study
demonstrates the advantage of adding a rare earth element (or in-
creasing the chemical complexity in general) to the nanocrystalline
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alloy that leads to the formation of a hierarchically reinforced mi-
crostructure. Rajulapati et al. [77] synthesized nanocrystalline Al-
W alloys containing up to 4 at.% W using ball milling and then hot
compaction at 573 K. The resulted alloy contained two phases: an
Al phase and a W phase, both with average grain sizes of 34 + 2
nm. The individual crystallites of the W phase were small in this
material, but the W particle size (i.e., a region of material contain-
ing one or more aggregated W grains) ranged from a few tens of
nanometers up to larger than 500 nm. The hardness of the Al-W
alloy increased from 0.94 GPa with no W addition up to 1.23 GPa
with 4 vol.% W, which was mainly attributed to Orowan harden-
ing due to the smaller W particles in the system. In the present
study, the size of the core-shell nanorods is smaller than the Al
matrix grain size, and therefore may also have an Orowan hard-
ening effect on the strength. In addition, in Ref. [68], the clus-
ters of dopant atoms (Zn, Mg, and Cu) at the grain boundary re-
gion were suggested to play an important role in strengthening of
a 7075 Al alloy, with the enriched regions having similar dimen-
sions as the present amorphous core-shell nanorods, pointing to
a strengthening effect of the nanorods. Moreover, in the present
study, nanoindentation tests were also performed on the annealed
and quenched Al-Ni-Y sample, which exhibits an average grain size
of ~100 nm. The hardness is very close to the measured value
for the naturally cooled counterpart, even though the mean grain
size of the annealed sample is twice as large, indicating that grain
size strengthening is not the dominant strengthening mechanism.
As such, it is likely that the primary strengthening effect comes
from the nanorod precipitates. In order to design solid solution
strengthened Al alloys, Hung et al. [78] performed first-principle
calculations to identify Al-Ce and Al-Co as promising candidates,
and then synthesized the corresponding alloys using arc melting
and produced non-equilibrium microstructures through laser sur-
face glazing. The resultant microstructure included micron-sized
matrix grains with nanoscale secondary phases, which exhibited
hardness values of 1.26 GPa and 1.74 GPa for Al-1 at.% Ce and
Al-1 at.% Co, respectively, comparable to a value of 1.505 GPa for
commercial Al 6061-T6 alloys. In another study on ternary Al al-
loys, Aboulkhair et al. [79] performed nanoindentation to investi-
gate the hardness of selective laser melted AlSi10Mg with micron-
sized grains and obtained a value of 2.2 + 0.1 GPa. This high value
for the coarse-grained Al alloy was attributed to a homogeneous
elemental distribution and finely dispersed Si particles with sizes
of a few micrometers in the Al matrix, as opposed to Si flakes
with a length of approximately a hundred micrometers and width
of tens of micrometers in an as-cast samples which exhibited a
lower hardness. For the alloys studied here, the high hardness is
attributed to a nanocrystalline grain size and a hierarchical re-
inforcement microstructure consisting of nanometer thick amor-
phous complexions, nanoscale amorphous core-shell precipitates,
and intermetallic particles with average sizes of a few hundred
nanometers. By combining both grain size and obstacle strength-
ening, the combined effect is alloys which are harder than previ-
ously reported examples (see Fig. 14). Moreover, the total amount
of dopant atoms used here is only 4 at.% for each alloy, consid-
erably lower than that (>10 at.%) in Ref. [79], thereby leading to
alloys with exceptional strength and thermal stability while pre-
serving the low densities required for advanced light-weight Al al-
loys.

4. Conclusions

In the present study, three ternary alloys (Al-Mg-Y, Al-Fe-Y,
and Al-Ni-Y), were successfully synthesized into bulk samples with
both high density (>99%) and nanocrystalline grains (<60 nm)
with a hot pressing temperature of 92% of the melting tempera-
ture of pure Al. This was accomplished by choosing appropriate

14

Acta Materialia 221 (2021) 117394

dopant species that can lead to both grain boundary segregation
and amorphous complexion formation. The microstructures corre-
sponding to four hot pressing temperatures of each alloy were ex-
amined in detail using XRD and TEM, while mechanical properties
were tested using nanoindentation. The following conclusions are
drawn:

1) All three alloy systems exhibit a superior combination of small
grain size, full density, and bulk size that outperform previ-
ous reports, suggesting the importance of the grain bound-
ary regions for alloy selection. The addition of a combination
of an alkaline-earth/transition metal element (Mg, Fe, or Ni)
and a rare-earth element (Y) significantly increases the atomic
size mismatch between the three constituent elements, pro-
moting grain boundary segregation and amorphous complexion
formation that enable thermal stability of grain size and ac-
tivated sintering. Moreover, the three alkaline-earth/transition
metal elements show different segregation behavior and tem-
perature ranges of activated sintering, suggesting the important
role of these metals in controlling grain boundary activities dur-
ing consolidation.

2) A hierarchical microstructure was observed in all systems, con-
sisting of nanometer-thick amorphous grain boundary complex-
ions, amorphous core-shell nanorods with Y-enriched shell and
Al+C-enriched core, and intermetallic particles with average
sizes of a few hundred nanometers. The core-shell nanorods
are observed to nucleate at grain boundaries, which share sim-
ilarities with amorphous complexions but also possess their
own unique properties, such as not being confined by adjacent
grains.

3) The retention of the amorphous grain boundary complexions,
even with a very slow cooling rate, shows that these features
are much more resistant to transitioning back to the ordered
grain boundary complexions stable at room temperature than
amorphous complexions observed in other systems such as Cu-
Zr, Cu-Hf, and Cu-Zr-Hf.

4) The hierarchical microstructure gives rise to exceptional hard-
ness exceeding other reports for bulk Al alloys without sacrific-
ing the light-weight property, since only a total of 4 at.% dopant
atoms were added.

The results of this study generally shed light on a design path-
way to fabricate large-scale nanocrystalline Al alloys strength-
ened by hierarchical reinforcements, which have great potential for
structural applications. Grain size must be stabilized while densifi-
cation encouraged, all while seeding the precipitation of reinforc-
ing phases with multiple length scales. Grain boundary segregation
can serve as a template for all of these behaviors.
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